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Abstract 
The thesis deals with the investigation of optical, electrical and structural properties of 
III-V semiconductor materials and nanostructures with applications in the development 
of next generation solar cells. In particular, the focus is on the study of quantum well 
(QW) and quantum dot (QD) nanostructures, and dilute nitride materials. Nanostruc-
tures can improve solar cell performance by, e.g., extending the absorption edge, 
providing an intermediate band, or suppressing reflection at the solar cell surface. Di-
lute nitrides, on the other hand, can provide better utilization of the solar spectrum, thus 
increasing the conversion efficiency of multijunction solar cells. The interplay between 
fabrication parameters as well as post growth treatments of the investigated structures, 
and their optical and electrical properties, are assessed by several characterization 
methods, including photoluminescence and capacitance spectroscopy. The results 
show that small changes in these parameters can have a significant influence on the 
defect populations and overall properties of the heterostructure, eventually defining the 
solar cell performance.  
Starting from the outer layer of the solar cell device, the surface structure was found to 
play an important role in connection with thermal annealing. Short chemical treatments 
modifying the GaAs surface had a huge influence on optical and structural properties of 
the studied QWs upon annealing. Furthermore, ammonium sulfide treatment of the 
solar cell AlInP window layer was found to modify the surface structure and improve 
the solar cell performance. Optimization of the amount of deposited InAs and use of the 
so-called “flushing technique” was found to remove unwanted defects in QD layers. For 
the GaSb QD heterostructures, the influence of material fluxes during the growth, 
thermal annealing, and stacking of QD layers on optical and solar cell properties was 
studied. Dilute nitride QWs, acting as strain compensation and mediation layers for QD 
layers, were found to extend the absorption edge in the solar cell structure, and provide 
steps for charge carriers to thermally escape from the QD layer. Stacked strain free 
GaAs QD nanostructures, fabricated by refilling of self-assembled nanoholes, were 
found to emit photoluminescence related to several quantum dot states with narrow 
linewidths. The investigated GaAs QDs were also extremely temperature stable upon 
high temperature thermal annealing, indicating low defect densities. The formation of 
defects in bulk dilute nitride solar cells and their relation to process parameters on the 
one hand, and solar cell properties on the other hand, was also studied; optimal fabri-
cation conditions were then devised. Incorporation of Sb was found to decrease the 
background doping density but at the same time broaden the deep level transient spec-
troscopy spectra. Furthermore, the As flux used during the fabrication of the dilute ni-
tride solar cell was found to have a remarkable influence on solar cell performance. 
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1 Introduction 
World energy consumption is constantly increasing although fossil fuel reserves are limited. 
Therefore, new technologies for renewable energy production are constantly being developed. 
Photovoltaics is gaining momentum as a promising and rapidly growing way to produce electricity. 
The average power the sun radiates annually on earth surface is over 89000 TW, whereas the 
world average power consumption in 2014 was about 18 TW [1]. The International Energy Agency 
(IEA) forecasts that photovoltaics will cover 16 % of world total electricity production by 2050, and 
be the dominant source of electricity before year the 2100 [2]. Silicon photovoltaics is the most 
widely applied photovoltaic technology today, but several other technologies such as organic [3], 
dye sensitive [4], thin film [5], and Perovskite [6] solar cells are under development.  
However, the highest conversion efficiencies are achieved by III-V semiconductor solar cells, which 
are the number one choice for concentrator photovoltaic (CPV) applications. CPV is very promising 
candidate for generating low-cost energy in areas with high direct irradiance. In CPV systems the 
sunlight is concentrated by optical components from a large area to one hundreds or even 
thousands of times smaller, where the solar cell is located [7]. Light concentration increases the 
conversion efficiency and reduces the relative semiconductor fabrication costs significantly. III-V 
semiconductor solar cells are, again, the number one choice in space PV applications because of 
their high power-to-mass ratio and radiation hardness. Figure 1 shows examples of PV system 
implementations. 
(a)  (b)  (c)  
Figure 1.1 (a) Silicon solar panels on the Tampere University of Technology Kampus Areena building, (b) 
CPV solar power generator by Arzon Solar [8], and (c) solar cells on the international space station [9]. 
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Conversion efficiency, which describes the solar cell’s ability to convert light to electricity, is an 
extremely important parameter to be maximized, since it directly influences the price of the pro-
duced electricity. The sun emits light over a broad spectral range from ultraviolet (UV) radiation 
through visible wavelengths to the infrared (IR) region. The key to increasing solar cell efficiency is 
to utilize as big a part of the solar spectrum as efficiently as possible. A conventional solar cell 
consists of a single band gap energy (EG) material, and photons that have energies smaller that EG 
are not collected because they are transmitted or absorbed by free carriers. On the other hand, 
when photon energy is larger than EG, the energy difference between the photon and EG is lost as 
heat. As a result, the theoretical conversion efficiency limit for conventional single band gap solar 
cells on Earth without concentration is 33.7 %, which is known as the Shockley–Queisser limit or 
detailed balance limit [10]. Concentration increases that limit to over 40 %, and the ultimate ther-
modynamic limit for photovoltaic energy conversion in general is estimated to be 86.8 % [11]. Prac-
tical efficiencies are clearly lower compared to these theoretical maxima, and the record conver-
sion efficiency is 46 % for a III-V multijunction solar cell under concentration [12]. However, there is 
still plenty of room for improvement, and a drive to increase efficiency has been present from the 
very first days of the solar cell research up to this point [13]. To ensure progress in the future and 
consequently reduce the cost of the generated electricity, new materials and approaches must be 
developed. This thesis deals with two types of advanced solar cell concepts based on III-V hetero-
structure: nanostructures and bulk dilute nitride materials. In particular, the optical and electrical 
properties of these structures are studied in detail, and the findings are linked, when possible, to 
the solar cell performance. The two main concepts are described in the following sub-sections. 
Nanostructures for solar cells 
When a few nanometers thick 2-dimensional layer of lower EG semiconductor material is sand-
wiched between higher EG material, a quantum well (QW) is formed, where the carriers are con-
fined in one dimension and confined energy states are formed within the well [14]. What makes 
QWs particularly interesting in the field of photovoltaics is that they enable strain and band gap 
engineering, ultimately increasing the solar cell efficiency. QWs can be used in single junction de-
vices or to boost the sub-junction current generation in multijunction solar cells. Figure 1.2(a) and 
(b) shows schematic diagrams of the absorption processes in a conventional single band gap solar 
cell and in a QW solar cell, respectively. The QWs are placed inside the depletion region of the p-n 
or p-i-n junction, where photogenerated carriers escape from the QW states via thermal and ther-
mally assisted tunneling processes. 
The main challenges in the development of QW solar cells are to (i) extend the absorption down to 
optimal energies yet maintaining high enough carrier thermal escape from the QW states, (ii) have 
large enough QW related absorption and photocurrent generation, and (iii) minimize the losses 
caused by nonradiative recombination. Advanced QW heterostructures, such as GaInAs/GaAsP or 
GaInNAs(Sb)/GaNAs, can be used to extend the absorption to desired energies. In those GaAs 
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based heterostructures, the first material (GaInAs and GaInNAs) is the one creating compressively 
strained QWs for extended photon absorption and the latter one (GaPAs and GaNAs) is tensely 
stained material for strain compensation. For example, a GaAs based GaInAs/GaAsP QW solar 
cell with a conversion efficiency of 28.3% has been demonstrated [15]. Several QW layers, stacked 
on top of each other, are needed to obtain high enough photocurrent generation, and the QWs 
must be located in the electric field for field-aided collection right after the thermal excitation pro-
cess. However, a big challenge is to minimize the formation of defects and dislocations, which of-
ten act as recombination centers and decrease the solar cell performance signficantly. Defects 
also cause background doping, shrinking the depletion region width. Defect formation can be influ-
enced by fabrication parameters, such as material fluxes, and post-growth treatments, such as 
thermal annealing. Therefore, detailed information about the influence of structural changes, fabri-
cation parameters and post-growth treatments on optical and electrical properties of the QW heter-
ostructures is essential in solar cell development. 
Another type of semiconductor quantum nanostructure is the quantum dot (QD). QDs are three 
dimensional nano sized structures, and when embedded in a higher band gap energy material, the 
charge carriers are confined in all three dimensions. A typical QD fabrication method is to utilize 
the Stranski-Krastanov (SK) growth mode [16] which occurs, for example, when InAs with ~7% 
higher lattice constant is deposited on GaAs. Surface energy minimizes via island formation where 
the strain is relaxed. Cross sectional transmission electron microscopy image of InAs/GaAs QDs 
grown by fabricating 2.2 monolayers (ML) of InAs on GaAs is presented in Figure 1.3. An approxi-
mately 1 ML thick InAs wetting layer (WL) is formed below the QD layer. 
QD layers can be used in a similar way to QWs, to extend the absorption to lower energies. 
However, there is also another mechanism by which QDs can provide  an improvement of the solar 
cell performance. When several layers of uniformly sized QDs are stacked, the discrete energy 
levels  can form  a so-called  intermediate  band (IB)  in the band  gap of  the  host   semiconductor  
 
Figure 1.2 (a) Conventional solar cell consisting of a single material, e.g. GaAs, with a single band gap. The 
photons with energy smaller than EG are transmitted. (b) QW solar cell where several QWs are located in the 
i-region and electric field. The photons with energies corresponding to QW states energy differences can be 
absorbed, followed by thermal escape of the charge carriers to the conduction and valence band.   
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material [18]. In IB solar cells, the photocurrent is generated also by low energy photon absorption 
(below EG) and consequent electron excitation from the valence band to the IB, followed by (optical) 
excitation from the IB to the conduction band. Since the IB is isolated from the p- and n-sides of the 
diode, and the IB and conduction/valence bands are only optically coupled, the overall voltage is 
defined by the host material [19, 20]. Due to better utilization of the solar spectrum, a significant 
impovement in conversion efficiency could be achieved with an optimal IB solar cell, and over 60 % 
conversion efficiencies are predicted [20]. Figure 1.4 presents a schematic of the absorption 
processes in an IB solar cell. 
 
Figure 1.3 Cross sectional transmission electron microscope image of InAs quantum dots on GaAs [17]. 
 
 
Figure 1.4 Absorption processes in the IB solar cell. The IB enables absorption and photocurrent generation 
due to absorption of lower energy photons, exciting electrons from the valence band to the IB and subse-
quently from the IB to the conduction band. The IB is isolated from the n- and p-sides of the diode, and it has 
own independent Fermi level defining the carrier distribution within it. The EG of the host material in IB solar 
cells can be larger compared to conventional solar cells, providing higher voltage generation. 
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The main challenge in QD based IB solar cells is to produce stacks of large, uniformly sized, 
dense, and defect free QDs. A low QD aspect ratio (ratio between the QD base and height) is also 
beneficial for IB formation [21].  To maximize the QD density and optimize the aspect ratio, a 
maximal amount of QD material, e.g. InAs, is often deposited. However, when the amount of InAs 
is increased, the risk of dislocation formation increases [22]. There are also other parameters 
which influence the QD properties: for example, relative material fluxes have a significant influence 
on GaSb QD formation and their optical and electrical properties [23]. Different types of 
characterization methods must be applied to QD nanostructures to gain information about the 
influence of fabrication parameters and defect formation on QD properties, which are reflected 
strongly in the solar cell operation. 
Furthermore, QWs and QDs are not the only nanostructures that can be utilized in solar cells. For 
example, semiconductor nanostructures can be used on solar cell surfaces for suppression of  
reflection at the semiconductor-air interface. So-called moth-eye antireflection coatings [24] provide 
graded refractive index from air to semiconductor material, suppressing the reflection efficiently 
[25, 26]. 
Dilute nitride materials for high efficiency multijunction solar cells 
When a small fraction (typically 1-4 %) of As is replaced by N in GaAs crystal, so-called dilute 
nitride material is formed. When N is alloyed to GaAs it splits the conduction band into two 
separate bands, where the lower band defines the fundamental band gap of the material [27]. In 
addition to EG reduction, N also decreases the lattice constant, making GaNAs tensile strained 
when grown on GaAs. Alloying In to GaAs also shrinks the EG, but unlike GaNAs, GaInAs has a 
larger lattice constant than GaAs. When both In and N are alloyed, the resulting compound 
semiconductor is Ga1-xInxNyAs1-y [28], which can be grown lattice matched on GaAs when x=2.7y 
[29]. Also Sb can be incorporated into GaInNAs: it increases the lattice constant, acts as a 
surfactant, and reduces  EG further by influencing the valence band [30-32]. The ability to tune the 
lattice constant and EG makes dilute nitrides an excellent material for integration into high-efficiency 
multijunction solar cells for CPV and space applications [33].  
Multijunction solar cells sonsist of several sub-junctions with different EG separated by tunnel junc-
tions. Each junction is optimized to harvest a certain part of the solar spectrum. GaInAs is in 
principle a very good material for absorbing photons in the energy range from 1.42 eV (GaAs EG) 
to 0.354 eV (InAs EG). However, because of the differences between the lattice constants, GaInAs 
can not be grown on GaAs (or Ge) at the desired EG without strain relaxation induced dislocations, 
which degrade the solar cell properties. Therefore, metamorphic growth with thick buffer layers 
[34], inverted metamorphic growth [35], bi-facial design [36], or wafer bonding [37] must be applied. 
The EG of dilute nitrides, however, can be tuned within the range of 1.42 eV to 0.8 eV [32], and 
whilst maintaining lattice-matching on GaAs or Ge. Figure 1.5 shows a schematic of a Ge based 
monolithic lattice matched 4-junction solar cell employing GaInNAs(Sb). 
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Figure 1.5 Lattice-matched high-efficiency multijunction solar cell. Here GaInNAs(Sb) (EG=1.04 eV) is used 
to harvest photons in the 1.42-1.04 eV range. All sub-junctions are separated by tunnel junctions and the 
solar cell voltage is the sum of the sub-junction voltages. The depicted spectrum is an AM1.5D standard 
solar spectrum [38]. 
The least current producing sub-cell defines the whole device’s maximum current, and therefore 
the absorption edges and thicknesses of each sub cell must be chosen in the right way to achieve 
the highest possible efficiency. The higher energy photons (E ≥1.42 eV) can be efficiently collected 
with (Al)GaAs- and (Al)GaInP-based compounds which can be grown lattice-matched on GaAs 
and Ge. Dilute nitrides have been successfully applied in 3-junction GaInP/GaAs/GaInNAsSb solar 
cells, reaching a conversion efficiency of 44 % under concentrated light [39, 40]. The optimal EG for 
a 3 J bottom junction is 1 eV, which can be achieved by GaIn0.11N0.04As, GaN0.025AsSb0.06 and 
GaInNAsSb (lattice-matched on GaAs). However, over 50 % conversion efficiency is achievable if 
high concentration and multiple junctions are applied [41, 42].  
Dilute nitrides can be also used for space solar cells. Well over 30 % conversion efficiencies are 
predicted for 4-junction solar cells at AM0 conditions [43]. The use of dilute nitrides is not limited to 
bulk lattice matched material. A large variety ranging from tensely strained to compressively 
strained QWs can be fabricated from this material for solar cell purposes. Because of the huge 
potential dilute nitride materials have in the field of high efficiency solar cells, it is essential to know 
their fundamental material characteristics as well as how fabrication parameters influence solar cell 
operation, in order to optimize current and voltage generation and maximize the conversion effi-
ciency.  
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Outline 
The purpose of this thesis is to investigate the optical, electrical and structural properties of several 
types of III-V semiconductor nanostructures, including GaInNAs and GaNAs QWs, InAs/GaAs 
QDs, GaSb/GaAs QDs, and strain-free GaAs QDs. Furthermore, bulk dilute nitride materials, 
including GaInNAs, GaNAsSb, and GaInNAsSb, for high-efficiency solar cell applications are 
investigated and the findings are linked to the solar cell performance. The influence of fabrication 
parameters and post-growth treatments on these heterostructures is characterized by several 
methods including optical techniques as well as capacitance spectroscopy. In particular, the 
influence of the amount of deposited material, material fluxes, surface treatments, and post growth 
annealing are investigated. One of the key areas of this thesis is defects: defect induced trap 
states and their influence on the optical properties of heterostructures are studied.   
The structure of this thesis is as follows: The fabrication and main characterization methods are 
introduced briefly in chapter 2. In chapter 3, experimental results concerning surface treatments, 
QW and QD nanostructures, and finally bulk dilute nitride materials and solar cells are presented 
and discussed in succession. Conclusions are presented in chapter 4. 
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2 Methods 
This chapter briefly describes the main methods used in this thesis, including fabrication, pro-
cessing and characterization methods. Although the characterization methods listed in this chapter 
can be used for general purposes in material science, each method is described in the context of 
the work presented in this thesis. 
2.1 Fabrication methods 
Molecular beam epitaxy (MBE) 
The fabrication method for all the semiconductor samples investigated in this thesis is solid source 
MBE. In this technique, the semiconductor structures are grown layer-by-layer using sublimation of 
atoms from heated solid sources onto a single crystalline substrate in ultra-high vacuum [44]. 
When the atoms hit the substrate surface, they diffuse and are eventually incorporated into the 
front of growing film [45]. Desorption of the material from the substrate takes also place and has to 
be considered in particular for incorporation of group V elements such as As. The substrate tem-
perature is controlled by a heating element, and the substrate is typically rotated during the growth 
to achieve a good uniformity. An MBE system consists of a loading chamber, preparation chamber 
and growth chamber, which are all separated by gate valves. The system is pumped in order to 
obtain as high vacuum as possible. The base pressure is in the 10-10–10-11 mbar range, which is 
required in order to reduce the background pressure of contaminants, and to enable a collision-free 
path for the source atoms to the substrate surface. A photograph and schematic structure of the 
MBE reactor are presented in Figure 2.1. 
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(a)    (b)  
Figure 2.1 (a) Photograph and (b) schematic picture of the MBE reactor. Reflection high energy electron 
diffraction (RHEED) can be used to investigate the growth and surface structure (After Nikhil P (Own work) 
[CC BY-SA 3.0 (http://creativecommons.org/licenses/by-sa/3.0)], via Wikimedia Commons). 
The materials used in this thesis are Al, As, Ga, In, N, P, and Sb. Be and Si are used as p- and n-
type dopants, respectively. Molecular beams are generated by effusion cells for Al, In, Ga, Si, and 
Be. Valved crackers are used for As, Sb and P. A radio Frequency plasma source is used for N 
incorporation. All source materials other than N are originally in solid state at room temperature. 
The molecule beam can be interrupted by using mechanical shutters, and therefore the amount of 
deposited material can be controlled very accurately. Material quantities equivalent to fractions of 
monolayers can be deposited. More detailed information about the MBE can be found from the 
references [44, 46-49]. 
Sample and device processing 
After the epitaxial layers are grown, the semiconductor wafer needs to be processed in order to 
produce devices or test structures for characterization. Common processing steps are formation of 
electrical contacts by metallization, and etching of semiconductor materials at selected areas. Pho-
tolithography is used to make patterns on semiconductor wafers and sample pieces to define the 
metallized or etched areas. Figure 2.2 shows a schematic diagram for mesa process, where a me-
sa structure with electric contacts is processed on a p-i-n solar cell for deep level transient spec-
troscopy (DLTS), capacitance voltage spectroscopy (CV), and current voltage (IV) measurements. 
Image reversal photoresist (MicroChemicals GmbH, AZ5214E) is used to define the metallized 
areas, because the resist profile is optimized for the lift-off technique [50] with electron beam evap-
orated metals. Positive photoresist (MicroChemicals GmbH, AZ6632) is used as an etch mask for 
inductively coupled plasma (ICP) reactive ion etching (RIE), because of its suitability for the dry 
etching technique [51]. As a result, a mesa structure with a well-defined area and Ohmic top and 
bottom contacts is produced. Also chemical wet etching techniques can be used in the mesa pro-
cess when suitable chemicals for etching through the multilayer structure are applied. In the case 
of the Schottky diode process, the mesa etching step is not necessary, and a back contact can be 
fabricated by alloying indium (indium zinc) through the epitaxial layer to an n-type (p-type) back 
contact layer or substrate. This can be  done by placing a  piece of indium or indium zinc on  top of  
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Figure 2.2 Schematic diagram presenting processing steps of mesa sample process. Mesa etching is not 
necessary for Schottky diode process, and the device is ready to be measured after back contact e-beam 
metallization. 
the sample followed by heating in a nitrogen atmosphere at ~400 °C for approximately 2 min, and 
letting the metal diffuse through the epitaxial layers to a highly doped back contact. Also a simple 
shadow mask can also be used for making Schottky contacts on the sample surface. The benefits 
of a shadow mask process are that it is fast and that the surface of the material is not contamined 
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by the photoresist and chemicals needed for resist development and removal. The disadvantage of 
the shadow mask process is that the area of the Schottky contact is not as well defined compared 
to the litography process. 
The solar cell process is very much similar to the mesa sample process. Photolitography is used to 
produce a metal contact grid on top of the solar cell, and an etching step isolates the p- and n-
sides and determines the size of the solar cell. A highly doped contact GaAs layer is selectively 
etched between the fingers, revealing an AlInP window layer, and an AR coating is fabricated on 
top of the solar cell. A photograph of a CPV multijunction solar cell is presented in Figure 2.3(a).  
(a)  (b)  
Figure 2.3 (a) CPV multijunction solar cell (photograph by A. Tukiainen). The solar cell was designed, fabri-
cated, and processed at ORC.(b) Photograph of the test process sample holder. Laser cut grid on metal 
plate acts as a shadow mask for front grid metallization. 
The solar cell lithography process requires several tens of processing steps and is time consuming.  
In order to obtain information about the solar cell properties as quickly as possible, a so-called test 
process was developed. In the test process, an optimized cleaving procedure is applied in order to 
isolate the p- and n-sides of the solar cell and also to define the solar cell area. A top metal grid is 
fabricated using a shadow mask, presented in Figure 2.3(b). The test process is found to be a reli-
able, reproducible and fast way to gain information about solar cell properties. However, the shad-
owing of the front contacts is large and the metal thickness is on the order of 100 nm, limiting the 
test process to material and structural development of the solar cell devices only. 
2.2 Material characterization 
Photoluminescence spectroscopy (PL) 
PL is widely used to characterize the optical properties of direct band gap materials. Electrons are 
excited from the valence band to the conduction band by illumination of the investigated sample by 
a laser with photon energy larger than the EG of the investigated material. Figure 2.4 presents three 
steps in the photoluminescence measurement in bulk material: (a) absorption of a laser emitted 
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photon resulting in an electron-hole pair, (b) thermal relaxation of the electron and hole to the con-
duction band minimum and valence band maximum, respectively, (c) photon emission through 
spontaneous emission, and (d) nonradiative recombination through a defect state. The energy of 
the emitted photon correlates with the band gap of the investigated material. The amount of emit-
ted photons at each wavelength is typically measured with a suitable detector and a monochroma-
tor array. By comparing the amount of photons emitted by different samples, one can gain infor-
mation about, e.g., nonradiative recombination processes, which reduce spontaneous emission 
and the PL signal. PL is a surface sensitive method if the electron-hole pairs are created near the 
sample surface, making it a powerful tool to characterize also surface properties of photoactive 
materials. 
PL spectra recorded from the samples with QWs or QDs typically show strongest photon emission 
at wavelengths related to the confined energy states of the potential well, making PL a powerful 
tool in characterization of optically active nanostructures. Typically, in the case of QDs, with low 
excitation densities the recombination occurs between the initial electron and hole states. With high 
excitation intensity, when the recombination rate between the ground states is not high enough to 
exceed the generation rate for the electron-hole pairs, the excited states become populated. As a 
consequence, the transitions between the excited states become more visible in the PL spectra 
(Figure 2.5). Saturation of the ground state transition may also be observed at high excitation pow-
ers. 
 
  
Figure 2.4 (a) Photon absorption and creation of an electron-hole pair. (b) Nonradiative relaxation of elec-
tron and hole to the conduction band minimum and valence band maximum, respectively. (c) Electron-hole 
pair recombination through spontaneous emission, producing a photon with energy corresponding to the 
band gap of the material, and (d) nonradiative recombination of electron-hole pair through deep level state. 
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Figure 2.5 Spontaneous emission of a photon in a QD, when the electron-hole pair recombines through (a) 
ground states and (b) excited states. The energy of the emitted photon corresponds to the energy difference 
between confined electron and hole states of the QD. 
PL measurements can also be used to determine the activation energies for charge carriers to es-
cape from the confined states of the nanostructure, such as a QW or QD. In such samples, the 
temperature dependence of exciton concentration in the steady state situation can be described as 
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in which c is the exciton concentration, c0 is the exciton concentration at T=0 K, τex is the excitonic 
lifetime, EA is the thermal activation energy for carrier escape, k is the Boltzmann constant, T is the 
temperature, and the relation τex/τ0≡CPr is a constant indicating the ratio of the probability of nonra-
diative to radiative recombination. The relative exciton concentrations can be obtained from the 
integrated PL peak area. By plotting the natural logarithm of the integrated peak area versus the 
inverse of temperature (Arrhenius evaluation), and fitting equation (2-1) to measured data, one can 
obtain EA for the thermal escape of charge carriers from the QD or QW [52]. When the temperature 
is decreased, a blueshift (BS) of the PL-spectrum is typically observed. This can be attributed to 
the increase of the material band gap, due to a decrease of the lattice constant when temperature 
is lowered. The empirical Varshni relation [53] is widely used to describe the temperature depend-
ence of semiconductor material band gaps. The relation is 
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where α and β are constants with no direct physical meaning. 
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Capacitance-voltage spectroscopy (C-V) 
C-V spectroscopy is a powerful tool for gaining information about electrically active centres in sem-
iconductors [54]. The method is based on measuring the capacitance of a Schottky or pn-diode 
when the applied voltage and consequently the depletion region width (xd) is varied. C-V meas-
urements are typically used to determine the doping concentration of the investigated material. The 
following formula can be written for the capacitance (C) of the Schottky diode:  
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where A is the diode area, εr is the relative permittivity of the semiconductor, ε0 is vacuum permittiv-
ity, e is electron charge, NA is acceptor density, ND is donor density, VBI is built-in voltage, VA is ap-
plied voltage, k is the Boltzmann constant, and T is temperature [54]. The plus sign (+) in equation 
(2-3) applies to p-type (NA>ND, VBI>0, and VA>0) and the minus sign (-) applies to n-type (ND>NA, 
VBI<0, and VA<0) material. In uniformly doped material, a plot of 1/C
2 versus VA gives a straight line 
with slope proportional to NA-ND. This is called a Mott-Schottky plot [55]. The intercept of the VA 
axis (C=0) gives -VBI+kT/e. Figure 2.6 presents the Schottky junction in uniformly doped n-type 
semiconductor material without external bias, and when VA is applied. 
On the other hand, the capacitance of the Schottky junction can also be estimated as 
d
r
x
A
C
 0 ,       (2-4)  
 
Figure 2.6 (a) Schottky junction without applied bias, and (b) when an external bias VA is applied. Energy is 
plotted on the horizontal axis, and depth from the metal-semiconductor interface is plotted on the vertical 
axis. The Schottky barrier height ΦB depends on the combination of metal and semiconductor, and has a 
strong dependence on the atomic structure of the metal-semiconductor interface [56]. 
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which is identical to the expression for capacitance of a plate capacitor consisting of two plates 
with area A, separation  xd, and with medium relative permittivity of εr [54]. A valid assumption is 
that the charge fluctuations occur only at the depletion layer edge. This enables construction of 
doping profiles for non-uniformly doped materials. The local doping density can be calculated from 
the local slope of the C-V curve. The corresponding depth xd can be obtained from the mean value 
of the capacitance.  
When QD (or QW) nanostructures are embedded in the material, deviations from charge neutrality 
occur even with uniformly doped material. The relative positions of the Fermi level (EF) and the QD 
states change when the bias voltage over the Schottky junction is varied. Figure 2.7 presents the 
situation where the Fermi level is (a) above and (b) below the confined QD states in an n-type 
Schottky diode. Charge carriers are trapped inside QD energy states, causing charge accumula-
tion and depletion inside and near the QD layer, respectively. 
Figure 2.8(a) shows a schematic picture of a C-V curve recorded from an n-type Schottky diode 
with an embedded QD layer. A capacitance plateau surrounded by areas with steeper slope ap-
pears in the C-V characteristics. Figure 2.7(b) shows the corresponding charge carrier depth profile. 
The charge accumulation peak surrounded by depleted areas is a typical C-V characteristic of a 
diode with an embedded QD layer. 
 
 
 
 
Figure 2.7 QD layer inside Schottky diode when Fermi level is (a) above and (b) below confined QD elec-
tron states.  
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Figure 2.8 (a) C-V curve recorded QD and bulk samples (Schottky junction on n-type material), and (b) cor-
responding depth profile, where x refers to the depth from Schottky junction. The dashed line refers to a uni-
formly doped sample without a QD layer. 
The C-V curve and corresponding depth profile, presented in Figure 2.8, can be divided into five 
different areas: 
1. V<V1, x>x1 The capacitance resembles the bulk behaviour, and the Fermi level is clearly be-
low the QD confined energy states. The depth profile shows a constant value. 
2. V1<V<V2, x1>x>x2 The Fermi level reaches the depletion region caused by charge accumula-
tion (depletion) inside (near) the QD layer, and consequent local band bending causes an 
increase in the capacitance. The depth profile shows charge depletion. 
3. V2<V<V3, x2>x>x3 The Fermi level reaches the confined QD states, and the screening effect 
of a large amount of carriers located in the QD causes a plateau where the capacitance is 
nearly constant. The depth profile shows a charge accumulation peak. 
4. V3<V<V4, x3>x>x4 The Fermi level passes the QD confined states and the depletion region 
underneath the QD, caused by local band bending, starts to add to the total depletion re-
gion. As a result, a sudden increase in capacitance is again observed. The depth profile 
again shows charge depletion.  
5. V>V4, x<x4 Capacitance resembles the bulk behaviour, and the Fermi level is clearly above 
the QD confined energy states. The depth profile shows a constant value. 
Similar or even more significant charge depletion, as observed near the QD layer, can be caused 
by deep level defects. Locally depleted areas may occur if the free carriers are trapped inside a 
defected layer.  
Although the examples described in this chapter are for Schottky diode, the same applies for p+n- 
or n+p-junctions. In the case of a pn-junction, when reverse voltage is applied, the depletion region 
edges move deeper into n-type emitter and p-type collector, defining the probed area. However, if 
the doping level of one side (n- or p-side) is at least three orders of magnitude higher than the oth-
er (n+p or n+p -junction), the space charge region penetrating into the lower doped side of the junc-
tion can be neglected, and the same analysis can be done as for the Schottky junction [55]. 
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Deep level transient spectroscopy (DLTS) 
DLTS is a method to characterize electrically active defects lying inside the depletion region [57]. 
Whereas dopants typically form an acceptor or donor type level near the band edge, several types 
of point defects and dislocations form a discrete energy level deeper inside the band gap of the 
host semiconductor material. The position of the deep level determines whether it acts as an elec-
tron or hole trap: electron traps occur closer to the conduction band and hole traps closer to the 
valence band. Deep levels can capture and emit charge carriers from and to the valence or con-
duction bands. Figure 2.9 presents capture (cn, cp) and emission (en, ep) processes for electrons and 
holes. 
Every deep level has its characteristics capture and emission rates for electrons and holes. The 
emission rate for an electron from a deep level can be written as 
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where σe is the capture cross section for electrons, vth(e) is the electron thermal velocity, NC is the 
effective density of conduction band states, g0 and g1 are the degeneracies when the trap level is 
empty and occupied, respectively, and ET(e) is the thermal activation energy of electrons lying in the 
trap state. The analogous expression for the hole emission rate is 
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where σh is the capture cross section for holes, vth(h)  is the hole thermal velocity, NV is the effective 
density of valence band states, and ET(h) is the thermal activation energy for holes inside the trap 
state [54, 55]. 
 
Figure 2.9 Emission and capture of electrons and holes in n-type and p-type material, respectively. 
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Emission of electrons or holes from the deep level state inside the depletion region changes the 
depletion region capacitance. The DLTS method is based on measuring these capacitance transi-
ents. In DLTS measurements, a certain reverse bias (VR) is initially applied over the Schottky or pn-
junction, forming a depletion region inside the material in which the trap states are empty of charge 
carriers. Then, as a positive filling pulse (VP) with duration tP is applied, the depletion region be-
comes narrower, and initially empty deep levels are filled with charge carriers. After the filling pulse 
a reverse bias is applied again, leaving trapped charge carriers inside the depletion region and 
under the influence of the electric field. When trapped charges are thermally emitted to the conduc-
tion or valence band, they are swept away from the depletion region by the electric field, and as a 
result, a capacitance transient is formed. Figure 2.10 presents the work cycle of a DLTS measure-
ment, and the formation of a capacitance transient. The change in capacitance can be written as 
∆𝐶(𝑡) = 𝐶(𝑡) − 𝐶𝑅 = ∆𝐶0exp⁡(
−(𝑡+𝑡0)
𝜏𝑒
),     (2-7) 
where CR is the reverse bias capacitance, ΔC0 is the amplitude of the capacitance transient, and τe 
is the emission time constant. The emission time constant is related to the emission rates of elec-
trons and holes as 1/e=en+ep. For electron traps en»ep leading to 1/e=en. Analogously, for hole traps 
ep»en and 1/e=ep. This links the emission time constant of electrons and holes to the capacitance. 
After the filling pulse, by choosing two points in time and plotting the corresponding capacitance 
difference as a function of temperature, a peak is observed when the emission time constant falls 
into a chosen time window. This is called a DLTS spectrum. Figure 2.11 shows how a DLTS spec-
trum is formed. 
 
Figure 2.10 DLTS work cycle and formation of the capacitance transient. After [58] 
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Figure 2.11 Formation of the DLTS signal when capacitance difference is plotted against temperature. 
The emission rate corresponding to the DLTS peak maximum emax can be determined using the 
equation 
𝑒𝑚𝑎𝑥 =
𝑙𝑛(𝑡2 𝑡1⁄ )
𝑡2−𝑡1
.      (2-8) 
When capacitance transients are measured as a function of temperature at various time windows, 
emission time constant can be extracted. With the help of emission rate equations (2-5) and (2-6), 
and assuming that e,h is independent of T, one can write 
ln(𝜏𝑣𝑡ℎ(𝑒,ℎ)𝑁𝐶,𝑉) = − ln(𝜎𝑒,ℎ) +
𝐸𝐴(𝑒,ℎ)
𝑘𝑇
.     (2-9) 
From the Arrhenius evaluation [59], EA and σ of certain trap state can be extracted. The capaci-
tance change related to charging and recharging NT traps can be written as 
∆𝐶0
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,                           (2-10) 
where NS is the net doping density determined from the C-V measurement. This allows the trap 
density to be extracted.  
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Fourier transform methods [60] can be used to analyze capacitance transients. This allows more 
accurate and faster evaluation of the DLTS data. The use of discrete Fourier series is possible in 
digital systems, where the whole capacitance transient with N measurement points is recorded. 
The DLTS method which applies the Fourier transform technique is called deep level transient 
Fourier spectroscopy (DLTFS) [61]. The capacitance transient can be treated as a periodic function 
with period width TW, which is the period of the recorded capacitance transient. In such cases, the 
capacitance can be written as 
𝐶(𝑡) =
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)]𝑁−1𝑛=1 ,                        (2-11) 
where n is an integer, N is the number of recorded transient data points, and an and bn are the Fou-
rier coefficients. The τe can be calculated with the help of an and bn in four different ways [61], three 
of which calculate an /am, bn/bm, and an /bn when n ≠ m: 
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The fourth way requires information about the capacitance offset, and is described in more detail in 
reference [61]. All an and bn are not needed in the evaluation, because the actual transient is com-
prised of only low frequencies and the higher order coefficients are mainly related to the high fre-
quency noise signal. Furthermore, the magnitude of the coefficients decreases together with n.  
Another benefit of digital DLTFS measurements is the use of different correlation functions. Corre-
lation functions are used to obtain information from the different parts of the capacitance transient, 
and only a single capacitance transient for each temperature point has to be recorded for the Ar-
rhenius evaluation [62]. The discrete Fourier transform for the measured data can be computed 
efficiently with a fast Fourier transform algorithm [63]. Figure 2.12 presents the schematic of the 
DLTFS measurement setup. 
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Figure 2.12 Schematic of the DLTFS measurement system [17]. Two different cryostats are used for differ-
ent temperature scales.  
Two different cryostats are used for different temperature ranges. The liquid nitrogen cryostat can 
operate at the 80–450 K temperature range, whereas the helium compressor cryostat can operate 
at the 10–320 K temperature range. 
There are certain limitations for DLT(F)S measurements. One limitation is that the trap density 
should be at least two orders of magnitudes lower than the doping density. Other limitations can be 
found in reference [64].    
X-ray diffraction spectroscopy (XRD) 
X-ray diffraction is based on constructive interference of monochromatic X-rays when these are 
directed onto a crystalline sample, such as a semiconductor crystal. Bragg’s law [65] relates the 
wavelength of the electromagnetic radiation λ to the lattice spacing d and diffraction angle θ by the 
following equation 
𝑛𝜆 = 2𝑑sin(𝜃),                          (2-15) 
where n is an integer. When Bragg’s law is satisfied, the interaction between the incident X-rays 
and sample produces constructive interference. Figure 2.13(a) illustrates the conditions when X-
rays, hitting the material at an incident angle of ω, are scattered from the periodic crystalline sam-
ple.  
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Figure 2.13 (a) Incident X-rays scatter from the material and produce constructive interference when 
Bragg’s law is satisfied. (b) Typical XRD rocking curve recorded from a sample with InGaAs/GaAs quantum 
well, where the QW related signal appears at a different angle compared to the GaAs related signal. 
XRD is often used to determine the material compositions and layer thicknesses of heterostruc-
tures grown on, e.g., GaAs substrate. Symmetric diffraction from plane 004 gives information about 
the lattice constants of the heterostructure at growth direction. When an investigated sample con-
sists of layers that have different lattice constants, the diffraction peaks related to those materials 
appear at different angles. In a so-called ω-2θ scan, the measurement system is adjusted to show 
the strong diffraction from the GaAs host lattice. Then ω and 2θ angles, presented in Figure 2.13(a), 
are scanned to show the relative change in the diffraction angle between the GaAs host lattice and 
the grown layers. Figure 2.13(b) shows a typical XRD spectrum recorded from a sample with a 
single InGaAs QW embedded in GaAs. After measurement, the simulated XRD spectrum can be 
fitted to the experimental data, to get information about the layer thicknesses, lattice constants, and 
material compositions of the heterostructures. In symmetric diffraction ω=θ, but also asymmetric 
diffraction angles from various crystal planes can be measured.  
Atomic force microscopy (AFM) 
AFM is a powerful surface characterization method, based on a micro scale cantilever with an ex-
tremely sharp tip which scans the sample surface. An electrical stepping motor and piezoelectric 
crystal are used to move the tip and scan the investigated sample. The measurement mode used 
in this work is called TappingModeTM (a trademark of Digital Instruments), where the cantilever is 
driven to oscillate vertically at near its resonance frequency by a piezoelectric element. The AFM 
tip taps the sample surface with an amplitude ranging from 20 to 100 nm, contacting the surface at 
the bottom of its swing. The interacting forces (Van der Waals force, dipole-dipole interaction, or 
other electrostatic forces) change the elastic constant of the probe, and the oscillation amplitude 
tends to decrease when the tip gets closer to the surface. The feedback loop maintains a constant 
oscillation amplitude and tip-sample interaction during the measurement by maintaining a constant 
RMS oscillation signal acquired by the split photodiode detector, and by moving the vertical posi-
tion of the tip and cantilever. A computer stores the vertical position of the cantilever at each lateral  
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   (b)   
Figure 2.14 (a) Schematic of the AFM measurement system. (b) AFM image of the InAs QDs on GaAs. 
 
measurement point and forms a topographic image of the sample surface. Figure 2.14(a) shows a 
schematic of the AFM measurement system. AFM is a good imaging technique for surface QDs. 
The surface QDs can effectively be used for indirect characterization of similar embedded QDs, 
although their properties can change when they are capped and embedded in a semiconductor 
matrix. Figure 2.14(b) shows an example of InAs QDs grown on GaAs. The size, shape and densi-
ty of the QDs can be extracted.  
X-ray photoelectron spectroscopy (XPS) 
XPS is a surface sensitive characterization method which is based on the interaction between elec-
tromagnetic radiation and matter at high vacuum. The measurement utilizes X-ray photons with 
energy EX produced by an X-ray source in an ultra-high vacuum environment. This energy is higher 
that the binding energy EB of the core electrons in the investigated material. Therefore, an incident 
X-ray photon, whose energy is absorbed via dipole interaction by an electron of the investigated 
sample, produces a photoelectron with kinetic energy EK. This energy is measured with an electron 
analyzer, which allows the binding energy of the electron in the investigated material to be calcu-
lated. Figure 2.15(a) presents the absorption and emission processes of the x-ray photon, respec-
tively. A schematic image of the measurement system is presented in Figure 2.15(b).  
5.80 nm
0.00 nm
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(a)          (b)  
Figure 2.15 (a) An incident X-ray photon is absorbed by an electron in the 1s orbital, and a photoelectron is 
produced. (b) Schematic of the measurement system, where X-ray photons produce photoelectrons in a 
vacuum chamber. The sample and analyzer are electrically connected. 
The binding energy EB of the measured photoelectron can be extracted from the simple equation 
𝐸𝐵 = 𝐸𝑋 − 𝐸𝑊 − 𝐸𝐾,                          (2-16) 
where EW is the work function of the electron analyzer. The sample and analyzer are electrically 
connected, and therefore their Fermi levels are aligned. EB is not only specific to each electron in 
each element, but also depends on the bonding environment of the investigated material, such as 
oxide components. Therefore, for example, GaAs surface oxides can be investigated by XPS: oxi-
dized Ga atoms have fewer valence electrons around them (i.e. smaller on-site negative potential) 
as compared to the Ga atoms in pure GaAs, which results in a higher binding energy for the core 
level electrons in oxidized Ga atoms than for pure GaAs. Such an energy shift is called a core-level 
shift. Traditional XPS is a surface sensitive probe because of the short mean free path (MFP) of 
electrons in solids without inelastic collisions. The signal depth (≈3×MFP) can be up to 10 nm, de-
pending on the kinetic energy of photoelectrons. 
2.3 Device characterization 
Solar cell device characterization methods used in this thesis are introduced next. Although the 
methods are classified under “device characterization”, they also give information about the solar 
cell material properties, not only device performance. 
Light-biased current-voltage measurements (LIV) 
LIV measurements are essential for obtaining information about the solar cell properties, such as 
current and voltage generation under illumination. A semiconductor solar cell is based on the pho-
tocurrent- and voltage generated by the absorption of photons and the creation of electron-hole 
pairs in or near the pn-junction. When a photon with energy higher that the EG of the solar cell ma-
terial enters the solar cell, it is absorbed and an electron-hole pair is created, with a probability de-
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fined by the absorption coefficient of the material at that specific wavelength. When the absorption 
occurs at a distance within the diffusion length of the minority carrier from the depletion region, the 
corresponding minority carrier drifts to the majority carrier side due to the electric field created by 
pn-junction. This causes a drift-induced current where photogenerated electrons and holes are 
separated to the n-side and p-side of the material, respectively. When n- and p-sides are in short 
circuit, the photogenerated electrons and holes can recombine and the net current is called the 
short circuit current, ISC. If the n- and p-sides are isolated (open circuit condition) the separation 
and resulting accumulation of photogenerated electrons and holes at the n- and p-sides of the 
junction, respectively, causes an electric field opposite to that already created by the pn-junction. 
This reduces the net electric field and increases the diffusion current, which is opposite to the pho-
togenerated current. At equilibrium these two currents are equal, and the net current is zero. The 
voltage at which the net current is zero is called the open circuit voltage, VOC. Figure 2.16 shows a 
schematic band diagram and generation of photocurrent- and voltage in a GaInP solar cell. The 
output voltage of the solar cell is defined by the energy difference of the Fermi levels at the n- and 
p-sides, EFN, and EFP.  
A solar cell can be modelled with an equivalent circuit, consisting of a current source, diode, and 
two resistors: a shunt resistor RSH, and a series resistor RS. A solar cell equivalent circuit is present-
ed in Figure 2.17(a).  
 
 
Figure 2.16 Schematic band diagram of the GaInP solar cell under illumination producing voltage V. n-AlInP 
window and p
+
-GaInP back surface field (BSF) layers provide energy barriers for minority carriers and signif-
icantly reduce nonradiative recombination on the surface and on the back side of the solar cell, respectively. 
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(a)  (b)  
Figure 2.17 (a) Equivalent circuit for the solar cell under illumination. (b) Schematic of solar cell LIV and IV 
characteristics and resulting power generation. 
The diode current ID flowing through the diode can be written as 
𝐼𝐷 = 𝐼0 (exp [
𝑞(𝑉+𝐼𝑅𝑆)
𝑛𝑖𝑘𝑇
] − 1),                         (2-17) 
where I0 is the dark saturation current, i.e., the sum of the current generated by minority charge 
carrier diffusion over the pn-junction under dark conditions and the thermal generation of electron-
hole pairs within the depletion region. The term -1 can be neglected, because the exponential term 
is >>1 at typical operation voltage. The diode equation for the solar cell equivalent circuit becomes 
𝐼 = 𝐼𝐿 − 𝐼0exp [
𝑞(𝑉+𝐼𝑅𝑆)
𝑛𝑖𝑘𝑇
] −
𝑉+𝐼𝑅𝑆
𝑅𝑆𝐻
,                        (2-18) 
where IL is the light generation current, q is the elementary charge, and ni is the diode ideality fac-
tor.  
Figure 2.17(b) shows IV and LIV characteristics of the solar cell. The solar cell LIV can be de-
scribed as a superposition on the IV curve of the solar cell in the dark. From the LIV curve one can 
easily define such parameters as ISC, VOC and PMAX, which is the maximum power point on the LIV 
curve. The efficiency of the solar cell can be defined by dividing PMAX by the incident power of the 
sunlight entering the solar cell. Another often used parameter is the fill factor (FF), which is defined 
as the ratio of PMAX to the product of VOC and ISC. 
Light intensity has influence not only on the current but also voltage generation. If concentration 
factor [X] is applied, and RS is assumed to be negligible and RSH very large, the VOC becomes  
𝑉𝑂𝐶
[𝑋] =
𝑛𝑖𝑘𝑇
𝑞
ln (
[𝑋]𝐼𝐿
𝐼0
) =
𝑛𝑖𝑘𝑇
𝑞
{ln (
𝐼𝐿
𝐼0
) + ln[𝑋]} = 𝑉𝑂𝐶 +
𝑛𝑘𝑇
𝑞
ln⁡[X],                       (2-19) 
where 𝑉𝑂𝐶
[𝑋]
 is open circuit voltage when light is concentrated with factor [X]. 
One factor that limits solar cell performance is recombination. The three main types of recombina-
tion in solar cells are (i) radiative recombination (ii) defect assisted recombination, referred as 
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Shockley-Read-Hall recombination [66, 67], and (iii) Auger recombination [68], although the latter 
is not a very significant recombination process in III-V semiconductor solar cells [69]. Loss of 
charge carriers due to recombination directly reduces the current of the solar cell. Recombination 
in the pn-junction also increases the forward diffusion current, and furthermore lowers the solar cell 
voltage. Recombination can be reduced by optimizing the solar cell structure and material proper-
ties. 
External quantum efficiency (EQE) 
The EQE describes the probability that an incident photon at a certain wavelength creates an elec-
tron-hole pair which can be collected by the solar cell. The EQE takes into account all losses, such 
as reflection, recombination and transmission. EQE can be expressed as a percentage, as a func-
tion of wavelength or energy. Figure 2.18 presents the schematic of the EQE measurement setup. 
The EQE is zero for photons which have energies smaller than the solar cell band gap energy, 
since they cannot induce band-to-band transitions. The absorption coefficient typically increases 
with photon energy in bulk material, and therefore high energy photons are more likely to be ab-
sorbed close to the front side of the solar cell. Therefore, the short wavelength side of the EQE 
gives information about photocurrent generation for high energy photons and corresponding elec-
tron-hole pairs created near the solar cell surface. Photons with energies closer to the band gap 
energy of the solar cell material are more likely to be absorbed deeper inside the solar cell, and 
therefore the long wavelength side of the EQE can provide information about, e.g., recombination 
deeper inside the solar cell. EQE alone is not enough for determination of the efficiency of the solar 
cell, and it can be heavily dependent on the optical and electrical bias conditions.  
Spectral response measurements can be carried out with a setup similar to that for EQE meas-
urements, but they do not require the use of a reference detector. In such measurement, a set of 
samples and their spectral response can be compared, but the detected signal is in arbitrary units.  
 
Figure 2.18 Schematic image of the single junction solar cell EQE measurement setup. A specific wave-
length from the broadband light source is chosen by the monochromator and guided to the sample and 
known reference detector. The necessary wavelength scale is scanned and the solar cell response is com-
pared to the reference detector signal.  
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3 Results and Discussion 
Different types of semiconductor materials and nanostructures, which could potentially be incorpo-
rated into high-efficiency solar cells, have been investigated and the most important results are 
summarized in connection with the publications included in the thesis. Optical, electrical and struc-
tural properties of III-V heterostructures are characterized by the methods described in chapter 2.  
3.1 Surface treatments 
The surface is an important part of any physical structure. Many reactions happen at the material 
surface, which is exposed to the surrounding environment. The surface and its properties are es-
pecially important in crystalline structures: the periodic crystalline structure ends at the surface, 
and the surface atomic and electronic structures are therefore different compared to bulk material. 
Dangling bonds and oxides tend to form surface states, which typically act as effective recombina-
tion centers [70]. One way to modify the surface properties is via the application of chemical treat-
ments. Although only the topmost monolayer is exposed to the chemical, it may have a significant 
effect not only on the surface structure, but also on the material’s optical and electrical properties. 
This chapter presents studies on surface treatments and thermal annealing of GaInNAs/GaAs QW 
heterostructures, which can be used as absorbers in QW solar cells. Furthermore, the influence of 
chemical surface treatments on the AlInP window layer of a GaInP solar cell is also summarized.   
GaInNAs/GaAs quantum wells [P1] 
GaInNAs/GaAs QWs can be used in solar cells as well as laser applications as active layers to 
absorb and emit infrared radiation [P5], [71-73]. However, GaInNAs is found to be a metastable 
alloy and it has a large miscibility gap. Therefore, this material has to be grown under non-
equilibrium conditions at relatively low temperatures to avoid phase separation and clustering ef-
fects [29]. Incorporation of relatively small and highly electronegative nitrogen atoms also introduc-
es point defects to the material [P7, P8]. Thermal annealing is found to improve the GaInNAs ma-
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terial quality significantly [74-79], which is very important from the solar cell perspective. Typical 
annealing temperatures for GaInNAs material is in the range of 700–800 °C, and the annealing 
time varies from a few seconds to several minutes. Protective cappings are used to protect the 
surface from annealing induced degradation. For example, plasma enhanced chemical vapor dep-
osition (PECVD) is used for growth of protective silicon dioxide (SiO2) and silicon nitride (SiNx) 
capping layers. GaAs proximity capping is also used for protection during thermal annealing [74]. 
Thermal annealing with SiO2 capping is found to increase the GaInNAs QW PL emission [80]. On 
the other hand, also degradation in PL emission has been observed in SiO2 coated samples upon 
annealing, even when compared to an uncapped reference sample [74]. The proposed reason for 
this is the difference between the GaAs and SiO2 thermal expansion coefficients, which causes 
tension and vacancy formation at the crystal surface when the temperature is increased [81]. 
Since the annealing process seems to be very surface sensitive, chemical treatments prior to SiO2 
capping and thermal annealing were tested. The investigated sample consists of two 6 nm thick 
Ga0.62In0.38N0.015As0.985/GaAs quantum wells separated by a 20 nm GaAs barrier, and capped by a 
100 nm thick GaAs layer. The as-grown sample emitted PL at λ=1260 nm. More detailed fabrica-
tion and measurement parameters are presented in [P1]. After the growth, the sample was cleaved 
into 4×4 mm2 pieces which were treated with 20% ammonium sulfide [(NH4)2S] or 30% ammonium 
hydroxide (NH4OH) solutions for 10 s, 2 min, or 30 min, resulting in six samples labelled S1, S2, 
S3, OH1, OH2, and OH3, respectively. The investigated samples are listed in Table I. 
After the treatments, the samples were rinsed with de-ionized water, blown dry with nitrogen, and 
capped with 120 nm thick SiO2 grown by PECVD. All the samples were annealed simultaneously 
at an annealing temperature (TANN) of 750 °C, on Si wafer, and in a nitrogen environment. TANN dur-
ing multiple annealing rounds was controlled by an optical pyrometer. PL spectra were recorded 
after each annealing. The PL intensity as well as BS of the PL peak wavelength as a function of 
cumulative annealing time (tANN) is presented in Figure 3.1.  
Table I. Labelling of samples treated for different times in (NH4)2S and NH4OH solutions.  
Sample Treatment Time 
S1 (NH4)2S 10 s 
S2 (NH4)2S 2 min 
S3 (NH4)2S 30 min 
OH1 NH4OH 10 s 
OH2 NH4OH 2 min 
OH3 NH4OH 30 min 
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Figure 3.1 (a) Relative PL peak intensity, and (b) BS of PL as a function of tANN (in logarithmic scale). 
Figure 3.1(a) shows that the surface treatments have a significant influence on the PL intensity 
behavior of the GaInNAs QW heterostructure upon annealing. The untreated sample shows no 
improvement in PL: the PL intensity actually decreases. Samples treated with (NH4)2S solution 
show clear increase in PL already before annealing. Thermal annealing improves the PL, especial-
ly for sample S1. For samples S2 and S3, the PL intensity improves only slightly and remains con-
stant, respectively. However, the PL intensity of all the (NH4)2S treated samples starts to decrease 
at longer annealing times. A completely opposite trend is observed for samples treated in NH4OH 
solution. The PL intensity clearly improves upon annealing for sample OH3 with the longest treat-
ment time, whereas the improvement is only minor for samples OH2 and OH1. At longer annealing 
times, an increasing trend for PL intensity is observed. Surface treatments also significantly influ-
ence the BS of PL, as presented in Figure 3.1(b). All the treatments suppress the BS of PL with 
longer treatment times corresponding to smaller annealing induced BS. Especially the NH4OH 
treated samples undergo a clearly smaller BS compared to the untreated reference. Only sample 
S1 shows a larger BS of PL compared to the untreated sample, after the longest cumulative an-
nealing time of 1280 s. 
After the annealing treatments, XRD (004) rocking curves were measured. Figure 3.2 presents the 
XRD data recorded from the annealed samples. After the cumulative annealing time of 1260 s the 
QW related Pendellosung fringes [82] at the negative angles moves closer to the GaAs peak, 
which is related to the relaxation of compressive lattice strain due to indium out diffusion from the 
QWs to the surrounding GaAs [74, 83, 84]. The shift of the QW related XRD signal goes hand in 
hand with the BS of PL: In out diffusion also increases the band-gap of the QW.  
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Figure 3.2 XRD (004) rocking curves for (a) (NH4)2S treated and (b) NH4OH treated and cumulatively 1260 
s annealed samples. The bottommost XRD spectrum (grey line) is recorded from the as-grown un-annealed 
sample.  
Diffusion can be expected to be induced largely by Ga vacancies and other point defects created 
at the GaAs/SiO2 interface [81, 85]. This explains why surface treatments can have a drastic influ-
ence on diffusion processes. Treatment time in (NH4)2S solution has a remarkable influence on 
XRD and BS behavior. Sample S1, with the shortest treatment time, has a similar XRD spectrum 
as the untreated annealed sample, whereas sample S3, with the longest treatment time, has a 
similar XRD spectrum to the as-grown sample. For NH4OH treated samples, the treatment time 
does not have that significant an influence on the XRD behavior, nor on the BS of PL. There is also 
other mechanism which induces a shift in PL to shorter wavelengths. Short range ordering of the 
nearest neighbor Ga and In atoms around the N atoms, i.e., the nearly random Ga4-mInm-N atomic 
configurations with m=0,1,2,3, and 4 moves towards the In segregation configuration where m=4, 
which is observed in annealed GaInNAs structures as an increase in the band gap and a BS in PL 
wavelength [79, 86-90]. Part of the observed BS must be related to the short range ordering effect, 
which itself does not influence the XRD rocking curves significantly [91]. Short range ordering 
could explain the observed BS of PL in samples that do not show significant changes in their XRD 
spectra. 
The annealing induced BS is often an unwanted phenomenon in QW solar cell applications, be-
cause it changes the absorption edge and therefore influences the solar cell current generation. On 
the other hand, thermal annealing can be a crucial step for improving the material quality. Correctly 
chosen surface treatment and protective capping can minimize the BS and maximize the material 
quality. However, these results do not provide direct information about the electrical properties of 
the material: for example, background doping density can vary between the samples. 
In order to obtain information about the influence of surface treatments and thermal annealing on 
the GaAs/SiO2 interface itself, XPS measurements were performed. Cleaved 6×12 mm
2 samples 
with 30 min treatments in (NH4)2S and NH4OH plus an untreated reference, all capped with a 2 nm 
thick SiO2 grown by PECVD, were prepared. The thin SiO2 layer was used in order to obtain an 
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XPS signal from the GaAs/SiO2 interface. Mg Kα non-monochromatic radiation was used to meas-
ure the XPS spectra before and after 20 min in situ annealing at TANN=600 °C in the XPS chamber. 
Although practical reasons forced the use of a thinner SiO2 layer and lower annealing temperature 
compared to the PL and XRD samples, the XPS samples simulate at least partly the original an-
nealing conditions. Figure 3.3(a) and (b) shows the Ga 3d XPS spectra before and after heating, 
respectively. Ga oxide components are divided into GaOX, GaOY, and GaOZ, using previously re-
ported energy shifts of 0.6±0.05 eV and 1.2±0.05 eV for GaOX and GaOY, respectively [92, 93]. For 
GaOZ, the shift was allowed to vary between 1.6 and 2.0 eV. GaOX, GaOY, and GaOZ have been 
previously related to Ga2O, Ga2O3, and Ga(AsO3)O3, respectively.  
Based on the XPS data, GaOZ does not seem to have an influence on the PL or XRD behavior of 
the sample since it is visible only for the untreated and annealed NH4OH treated sample. However, 
GaOy could be linked with decreased PL intensity since its XPS intensity is higher for untreated 
and NH4OH treated samples compared to the (NH4)2S treated sample, which showed higher PL 
signal after the treatment and before the annealing. Furthermore, the GaOY XPS intensity for the 
untreated sample increases upon annealing, while the PL intensity decreases. GaOX can be linked 
with increased PL intensity, because its XPS signal increases in the NH4OH treated sample after 
annealing, when the PL intensity is also enhanced. These results are consistent with previous re-
ports [93-95], which indicate that different forms of Ga oxides can be vital or fatal from the PL per-
spective. The GaOX bonding configuration formed may also impede Ga diffusion into the SiO2 cap-
ping layer and Ga vacancy diffusion into the GaAs, resulting in suppressed In out diffusion.  
The results related to Ga oxides cannot alone explain the PL and XRD behavior of the annealed 
samples. However, the ratio between As and Ga oxides seems to be correlated with the In out dif-
fusion. Based on As oxide XPS data (not shown), both chemical treatments are found to remove 
As oxides from the surface, leaving it Ga terminated. The untreated sample, however, shows clear 
 
Figure 3.3 Fittings of Ga 3d spectra measured by XPS (a) before and (b) after heating for 20 min at 600 °C 
for untreated, NH4OH treated, and (NH4)2S treated samples. Binding energy scale is relative to the GaAs 
bulk components. (c) S 2p photoemission spectra for (NH4)2S treated sample before and after heating. 
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photoemission from As oxides. This result indicates that the Ga terminated surface is more re-
sistant to defect formation upon annealing: less diffusion inducing defects are created at the 
GaAs/SiO2 interface, resulting in suppression of In out-diffusion. 
Figure 3.3(c) shows that the (NH4)2S treated sample contains S, which is known to passivate III-V 
semiconductors surfaces [96-98] and significantly increase the PL intensity [99]. Therefore, the PL 
increase in samples S1, S2 and S3 prior to annealing can be linked to S passivation. The reason 
for rapidly decreasing PL intensity and increasing BS for (NH4)2S treated samples upon longer an-
nealing times can be linked to S diffusion in the QW area. Figure 3.3(c) shows that S 2p XPS spec-
trum becomes broader upon annealing, which indicates that the S atoms in the vicinity of the 
GaAs/SiO2 interface possess several nonequivalent bonding configurations, possibly via complex 
S diffusion processes [100, 101]. Diffused S may create nonradiative recombination centers, de-
creasing the PL intensity and possibly even enhancing the In out-diffusion.  
It is evident that surface treatments have a significant influence on annealing behavior of the 
GaInNaAs QW sample. However, one cannot conclude that the improved PL emission is due only 
to decreased surface recombination, because thermal annealing also has a significant influence on 
the GaInNAs material’s structural and optical properties, and presumably also on defects and non-
radiative recombination in bulk GaAs and at GaInNAs/GaAs interfaces. The optical properties of 
the investigated samples are linked to the structural properties of the whole crystal, where the sur-
face plays an important role. Furthermore, one can assume that surface properties have an influ-
ence also on the properties of other types of III-V semiconductor heterostructure upon annealing. 
Chemical treatments for AlInP window layer  
AlInP is a commonly used window layer material in III-V semiconductor solar cells. It provides an 
energy barrier for minority carriers for diffusion to the sample surface, where the surface state in-
duced nonradiative recombination rate is high (see Figure 2.16). Al0.47In0.53P is lattice matched to 
GaAs resulting in a ~2.3 eV band gap, corresponding to 540 nm wavelength. High band gap ener-
gy is essential for the window layer since it has to be transparent to solar radiation and have a low 
refractive index, in order to make more effective AR coating designs possible. Although AlInP is a 
very good window layer material, it absorbs part of the ultraviolet (UV) radiation, causing losses 
especially in space applications, where UV radiation is not influenced by the ozone layer or other 
parts of the atmosphere.  
Previously, promising results have been obtained by treating the AlInP window layers of multijunc-
tion III-V solar cells with (NH4)2S solution [102, 103]. The proposed reason for the improved solar 
cell characteristics in references [102] and [103] is a decrease of the harmful surface states due to 
S passivation. Therefore, the influence of (NH4)2S treatment on the AlInP window layer grown on a 
GaInP solar cell was tested. The investigated sample was a GaInP solar cell with an AlInP window 
layer and a GaAs top contact layer, grown on p-type GaAs(100) substrate. The test process was 
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utilized to make solar cell chips from the as-grown wafer. After the selective contact GaAs etch by 
NO4OH:H2O2, 1:30, the solar cell’s PL, LIV and EQE was measured. After these measurements, 
the window layer was treated in heated (T=60 °C) 20% (NH4)2S solution for 20 minutes, rinsed with 
de-ionized water, blown dry with nitrogen, and the same measurements were repeated. Figure 3.4 
shows PL, LIV and EQE data before and after (NH4)2S treatment.  
Surface treatment with (NH4)2S improves PL intensity, current generation, and short wavelength 
EQE. The improved current generation is due to better utilization of the short wavelength photons. 
Interestingly, EQE is improved exactly in the wavelength range where photons are expected to be 
absorbed, at least partly, by the AlInP window layer. In order to investigate the treated AlInP sur-
face and find the reasons behind the improved solar cell characteristics, AFM and reflectance 
measurements were performed, and the results are shown in Figure 3.5. 
AFM measurement reveals a nanostructure on the (NH4)2S treated AlInP surface, with lateral di-
mensions in the range from tens of nanometers to approximately 100 nm, and a maximum height 
of about 50 nm, although  (NH4)2S  is not reported  to etch AlInP. Furthermore, reflection measure- 
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Figure 3.4 (a) PL spectra, (b) LIV data, and (c) EQE recorded from the GaInP solar cell before and after 
(NH4)2S treatments. The Oriel solar simulator, used for LIV, was equipped with an AM1.5G filter and calibrat-
ed with a known GaInP/GaAs tandem calibration solar cell. 
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Figure 3.5 (a) 3×3 µm AMF image revealing nanostructured surface. (b) Reflectivity measured from the 
(NH4)2S treated and untreated samples. 
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ment shows clearly suppressed reflection, especially at UV wavelengths. The observed nanostruc-
ture can suppress the reflection by providing a graded refractive index from air to AlInP, as pre-
sented in Figure 3.6(a). Reflection suppressing nanostructures are also called “moth-eye 
nanostructures”: certain moths have periodically nanostructured cornea in order to see better in the 
dark [24].  Moth eye nanostructures have been applied successfully onto different semiconductor 
surfaces [104-107], including an AlInP window layer [25, 26]. The same phenomenon is familiar 
from so-called black silicon solar cells, where reflection is suppressed and conversion efficiency is 
increased by etching a nanostructure on the silicon solar cell surface [108]. Suppression of reflec-
tion can explain the improved current and EQE of the investigated GaInP solar cell.  
In order to gain more information about the surface, XPS was applied. Al Kα non-monochromatic 
radiation was used in XPS measurements on treated and untreated AlInP surfaces. XPS data 
showed that the relative amount of S (compared to all elements) increased from 0.0% to 5.1 % due 
to (NH4)2S treatment. At the same time, the relative amount of oxygen decreased from 20.3 % to 
10.9 %. Furthermore, when In oxides decreased from 5.1% to 0.8%, In sulfides increased from 0.0% 
to 3.2 % due to the treatment. Also residual As and As oxides was measured from the untreated 
sample, but the As-related XPS signal disappeared after the (NH4)2S treatment. The XPS results 
are somewhat similar to those in reference [102], where a reduction of oxides and an increase in 
sulfides was observed, resulting in a reduction in surface states. A similar passivation of surface 
states can be expected to be present also in the samples investigated here. Figure 3.6(b) shows 
how passivation of the AlInP surface could reduce the surface-states and surface-state-induced 
band bending, resulting in a lower surface recombination rate. Therefore, the minority carriers 
(holes in this case), generated due to absorption of the UV light at the window layer, would not 
recombine with the majority carriers (electrons in this case) immediately at the AlInP surface, but at 
least part of the minority carriers would diffuse to the depletion region and contribute to the solar 
cell current.   
(a)   (b)  
Figure 3.6 (a) Nanostructure provides graded refractive index when moving from air to AlInP. (b) Pas-
sivation and reduction of the number of surface states decreases the nonradiative recombination. Surface 
state induced band bending, which drives the minority carriers to the surface, is reduced. 
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Two mechanisms which can improve the solar cell properties are observed in (NH4)2S treated 
samples: i) nanostructure/suppressed reflection, and ii) reduction in oxides/increase in sul-
fides/surface passivation. Suppressed reflection has a direct influence on the solar cell characteris-
tics, and the PL, LIV and EQE results can be explained by the reduced reflectivity. However, the 
reflectivity is lower for the whole absorption band of the GaInP solar cell, but the EQE improves 
only for wavelengths that are absorbed by the AlInP window layer. The EQE result indicates that 
the increase in solar cell current could be a result of the passivation of surface states, and photons 
absorbed by AlInP would generate extra current when corresponding photocarriers would not re-
combined directly at the AlInP surface. However, since the voltage does not show an improvement 
in LIV curve, the surface treatment does not significantly influence the dark saturation current of 
the solar cell. 
Because the results are not unambiguous, other surface treatment tests were carried out on the 
AlInP window layer of GaInP, GaAs, and GaInP/GaAs/GaInNAs solar cells. It appeared that the 
results were not repeatable, and large variations in the changes in LIV characteristics, surface 
morphology and reflectivity were observed. Some of the samples did not show improvement in 
solar cell current, evidence of nanostructure, or suppressed reflectivity. Apparently the outcome of 
the (NH4)2S treatment is very sensitive to the growth parameters of the AlInP widow layer or its 
composition, or to the properties of the (NH4)2S solution itself. More studies on this topic should be 
carried out in order to explain the observed phenomena. One of the interesting features is the ma-
terial composition of the formed nanostructure. Furthermore, since the (NH4)2S treatment changes 
the reflectivity of the solar cell surface, an additional antireflection coating should be designed for 
this changed condition. 
3.2 Defects in InAs/GaAs quantum dot nanostructures 
Defects are imperfections in the periodic crystal structure. Although in some cases the presence of 
defects can be advantageous, typically they degrade the semiconductor material’s optical and 
electrical properties [109]. Defects are particularly detrimental for solar cells, and therefore it is 
important to gain knowledge about defects in semiconductor materials to be used in solar cells. 
Defects inside crystalline material can be divided roughly into two categories, i) point defects and ii) 
dislocations/extended defects. Point defects can be single impurity atoms or intrinsic automatic 
imperfections, such as vacancies or interstitials. Dislocations are typically formed when material 
with a different lattice constant compared to the substrate material is grown beyond a specific criti-
cal thickness. This is the case when fabricating InAs/GaAs nanostructures: when the amount of 
deposited InAs exceeds ~2.5 ML, the strain of the InAs QD is relaxed via formation of dislocations 
[22]. In this chapter, the properties of the strain-relaxation-induced defects are investigated by 
DLTS and CV [P2]. Furthermore, the influence of the so-called flushing step during the MBE 
growth on defect formation is studied [P3].   
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Dislocations, extended defects and point defects in relaxed quantum dots [P2] 
Self-assembled InAs QD nanostructures can be obtained by the strain-driven Stranski-Krastanov 
growth mode [16] on GaAs. The surface energy is minimized due to island formation, and a QD 
layer is formed [110]. Coherently strained defect-free InAs/GaAs QDs are formed when the amount 
of deposited InAs is between 1.7 and 2.5 ML [22, 111]. For smaller amounts of deposited InAs the 
QDs are not formed, and for higher amounts strain relaxation occurs. The influence of strain relax-
ation on defect formation was studied. Three different cases showing the evolution of InAs/GaAs 
QDs formation are illustrated in Figure 3.7, which shows AFM images after deposition of 1, 2, and 
3 ML InAs on GaAs. The fabrication parameters are presented in [P2]. Figure 3.7 also shows the 
whole structure of the samples, with embedded and surface QD layers. 
Deposition of 1 ML InAs is not enough for QD formation, resulting in a flat surface. After 2 ML InAs 
deposition QDs with a maximum height of 9.6 nm appear on the sample surface. When the amount 
of deposited InAs is increased to 3 ML, additional large clusters with a maximum height of 28 nm 
are observed. Figure 3.8(a) and (b) show the QD size distribution for 2 ML and 3 ML samples, re-
spectively. Total QD densities are 4.0×1010 cm-2 and 4.5×1010 cm-2 for 2 ML and 3 ML samples, 
respectively. Increasing the amount of InAs results in a smaller height distribution in coherently 
strained QDs. However, larger 10–30 nm high clusters are appearing on the sample surface. 
These large clusters/coalesced islands can be linked to strain relaxation. To investigate the strain 
relaxation induced defects in the embedded QD layer, Schottky diodes were processed with Cr 
and Al gates for n- and p-type materials, respectively. Figure 3.8(c) shows the recorded DLTFS 
spectra.  
 
  
Figure 3.7 1×1 µm AFM images taken after deposition of  1, 2, and 3 ML InAs on GaAs(100) surface (from 
left to right) [17]. The corresponding height scales are 1 nm, 9.6 nm and 28 nm. Schematic sample structure 
with embedded and surface QD layers, grown with identical growth parameters, is shown on the right. 
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Figure 3.8 Size distribution of QDs when (a) 2 ML, and (b) 3 ML are deposited. (c) DLTS spectra showing 
electron and hole traps in 3 ML samples. The measurement parameters were: VR=-2V, VP=0 V, TW=100 ms, 
and tP=10 ms.   
A broad DLTFS signal related to electron and hole traps is measured from Schottky diodes with 3 
ML InAs QDs. Such a broad spectrum can be attributed to the mixture of dislocations, extended 
defects, and point defects in the InAs QD layer [22, 112-115]. Samples with 1 ML and 2 ML InAs 
do not show a distinct DLTFS signal in the measurement range. This confirms that the measured 
DLTFS signal and related defects are merely strain-relaxation induced. 
Next, the deep electron levels in Si-doped Schottky diode with 3 ML InAs QDs are investigated in 
more detail. Figure 3.9(a) presents the CV data, recorded with 1 MHz measurement frequency and 
100 mV amplitude at T=300 K. The QD induced capacitance plateau is observed at a voltage 
range between -3.5 V and -1.5 V. The calculated free carrier depth profile, presented in Figure 
3.9(b), shows a charge accumulation peak surrounded by depleted areas with lower carrier con-
centration. The calculated charge accumulation peak is located deeper than the actual QD layer 
(~600 nm vs 500 nm), because the calculated depth corresponds to the location of the depletion 
region edge, and electrons in confined QD states are probed (Fermi level crosses the QD states) 
when the depletion region edge has already moved below the QD layer. Significant defect-related 
charge depletion is not observed in CV data, although defects can be at least partially responsible 
for the larger depleted area above the QD layer.  
Figure 3.10 shows DLTFS scans where different depths of the Schottky junction are probed by 
varying VR and VP. Essentially the entire DLTFS signal is originating from the area which is probed 
at voltages between -5 V and -2 V. The DLTFS signal and related electron traps appear to be lo-
cated somewhat deeper than the actual QD layer, when compared to the CV data. 
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Figure 3.9 (a) CV curve and (b) corresponding calculated free carrier depth profile. Change accumulation in 
the QD layer can be seen as a capacitance plateau and peak in the CV curve and depth profile, respectively. 
100 200 300 400100 200 300 400100 200 300 400100 200 300 400100 200 300 400100 200 300 400
0
1
2
3
 
T (K) T (K) T (K)
 
 T (K)
 
V
P
=-5 V
V
R
=-6 V   
V
P
=-2 V
V
R
=-3 V 
V
P
=-1 V
V
R
=-2 V 
V
P
=0 V
V
R
=-1 V 
 T (K) 
D
L
T
F
S
 s
ig
n
a
l 
(a
rb
. 
u
.)
 T (K)
V
P
=-4 V
V
R
=-5 V 
V
P
=-3 V
V
R
=-4 V 
 
Figure 3.10 DLTFS spectra where depth of the probed area is varied by varying VR and VP. Scanned area 
moves deeper below the Schottky contact when moving from the left to the right end of the Figure (from 
smaller reverse biases to higher reverse biases). 
In order to probe the deep defect levels in and near the QD layer, the depletion region edge must 
be below the QD layer so that the Fermi level can cross the defect levels during the measurement. 
This explains why the DLTFS signal appears at larger reverse bias (deeper) than would be ex-
pected when comparing the DLTFS data directly to the CV data. 
Gaussian peaks were fitted to the DLTFS data, in order to resolve different components of the 
broad DLTFS spectrum. Figure 3.11(a) shows three Gaussian fits and the corresponding Arrhenius 
evaluation, for the electron traps labeled T1, T2, and T3. The data based on the Arrhenius analysis 
are presented in Table II. In order to resolve the nature of the observed defects, DLTFS measure-
ments with different tP were made. Furthermore, isothermal DLTFS measurements were carried 
out where tP was varied at the temperature corresponding to each DLTFS peak. Figure 3.11(b) 
shows the data from these measurements.  
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Figure 3.11 (a) Gaussian fits showing different components of the DLTFS spectra, labelled T1, T2, and T3. 
The corresponding Arrhenius evaluation is shown as an inset. (b) DLTFS spectra recorded with different tP. 
Inset shows the DLTFS signal plotted against the logarithm of tP for each trap. 
Table II Trap parameters obtained from the DLTFS measurements and corresponding Arrhenius evaluation 
presented in Figure 3.11.  
Trap NT (cm
-3
) ET (meV) σ (cm
2
) 
T1 1.9×10
13 
349 9.6×10
-15
 
T2 5.7×10
13
 500 1.0×10
-14
 
T3 1.7×10
13
 665 1.0×10
-14
 
The nature of the defect, whether it is related to dislocations/extended defects or point defects, can 
be evaluated from the DLTFS data when tP is varied and other measurement parameters are kept 
fixed. Dislocations form defect bands due to closely spaced traps. These defect bands exhibit a 
time-dependent Coulomb barrier when the defect states are filled, limiting capture of the charge 
carriers. As a result, the DLTFS signal does not saturate even for long filling pulses (tP>100 ms), 
and a linear slope is observed when the DLTFS signal is plotted against the logarithm of the tP  
[116-119]. Point-defects behave differently; saturation of the DLTFS signal is typically observed 
already at tP<100 ms [118]. The trap T1 DLTFS signal saturates already at tP=100 ms, indicating 
that T1 is related to a point defect. Based on the evaluated trap parameters, it is possible that trap 
T1 is a so-called EL6 point defect, observed in GaAs with a thermal activation energy of 350 meV 
[120-123]. EL6 is commonly considered to be a Ga vacancy-As interstitial (VGa-Asi) complex [122]. 
Saturation of the DLTFS signal is not observed for T2, even when tP is increased to 10 s. Therefore, 
T2 must be related to dislocations or extended defects. Interestingly, the slope of the T2 related 
DLTFS vs log(tP) curve changes at the same tP value for which saturation occurs for T1. Overlap-
ping DLTFS signals originating from point defects and dislocations can explain this behavior. The 
same applies to T3, which shows no saturation, but a change in the DLTFS signal vs log(tP) slope 
is present at around tP=500 ms. This is also a clear indication that T3 is related to dislocations or 
extended defects. However, it is possible that T3 overlaps with the so-called EL2 point defect, 
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identified as an AsGa antisite. Activation energies ranging from 580 meV to 840 meV have been 
reported for the EL2 trap in GaAs [124-127]. 
Strain relaxation induces a remarkable amount of defects at various energies in and near the InAs 
QD layer. Although the formed defects are related to dislocation formation and InAs clustering re-
lated extended defects, there is a clear indication that also point defects are formed near the re-
laxed QD layer. Dislocations and point defects both increase nonradiative recombination, and 
should be avoided by all means in solar cell structures.  
Influence of flushing on InAs quantum dots [P3] 
Large QD ensembles with high QD densities and aspect ratios are essential in solar cell applica-
tions. Stacked QD layers with a high QD sheet density increase absorption and current generation, 
and a large aspect ratio shifts the confined states deeper into the GaAs band-gap, providing more 
optimal energy levels for intermediate band operation [18, 128-131]. Therefore, growth near the 
critical thickness for the QD plastic strain relaxation with a maximal amount of InAs deposited with-
out defect formation is beneficial. Homogeneity of the QD layer is also important for formation of an 
intermediate band: a large size distribution means a large QD state energy distribution, which is 
not beneficial. One way to improve the homogeneity of InAs QDs and tune their shape, size and 
composition is the so-called flushing technique [132-137], where the QD layer is capped with a few 
nanometers thick GaAs layer followed by in situ annealing. The flushing step can also make 
stacked InAs QD layers more uniform, and remove unwanted InAs clusters [132]. Another method 
to improve InAs QD properties is cycled growth, which is reported to increase the QD density, as-
pect ratio, homogeneity, and also reduce the amount of InAs clusters [132, 138]. Therefore, the 
influence of flushing and cycled growth deposition on defect formation and optical properties was 
studied. The results presented in this subsection are based on [P3]. 
Flushing and cycled growth of InAs QDs were applied on four samples. The investigated samples 
consisted of a 600 nm n-GaAs buffer, a QD layer, and a 400 nm n-GaAs capping layer grown on Si 
doped n-GaAs(100) substrate. The QDs were grown by depositing 3 ML of InAs, which is beyond 
the critical thickness for strain relaxation [22]. The InAs QDs were deposited with continuous and 
cycled deposition, and with and without the flushing step. In cycled deposition, the shutter opening 
time was 1 s and the delay time 2 s. In the flushed samples, the QDs were capped with a 4 nm 
GaAs layer and exposed to an annealing step at TANN=605 °C for tANN=10 min under arsenic flux 
before growth of the GaAs cap layer.  More detailed fabrication parameters can be found in [P3]. 
The samples, labelled A1, A2, B1, and B2, are described in Table III. Schottky diodes with 100 nm 
thick Cr gates were processed from each sample for DLTFS and CV measurements.  
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Table III Labeling of samples where QDs were grown by continuous or cycled growth with or without flush-
ing. 
 
Continuous growth Cycled growth 
No flushing A1
 
B1 
Flushing A2 B2 
Figure 3.12(a) shows the DLTFS spectra recorded from each sample. A strong DLTFS signal is 
measured from unflushed samples over a broad temperature range, whereas the flushed samples 
shows no detectable signal, pointing to an absence of trap levels. Sample A1, with continuously 
grown unflushed QDs, shows a broader DLTFS spectrum compared to sample B1 with cycled QD 
growth. Figure 3.12(b) shows the DLTFS signal plotted against log(tP) for sample B1. A nearly line-
ar slope is observed up to tP=10 s, indicating the presence of dislocations and extended defects 
due to strain relaxation and clustering effects. A similar result was obtained for sample A1. Figure 
3.12(c) shows an isothermal DLTFS signal for sample B1 measured at T=230 K, corresponding to 
a DLTFS peak maximum. The DLTFS signal is plotted against VR, when VP=0.0 V and the other 
measurement parameters are also kept constant. The highest DLTFS signal is observed at VR=-3.8 
V. This voltage and the corresponding depletion region depth correlates with the depth of the QD 
layer, proving that the DLTFS signal is caused by the defects in or near the QD layer. Again, sam-
ple A1 shows similar behavior.  
CV measurements were performed to probe the free carrier distributions in each sample. Figure 
3.13(a) shows the free carrier depth profile calculated from the CV measurement data, recorded at 
T=300K with 1 MHZ and 100 mV measurement frequency and amplitude, respectively. A strong 
depletion is observed for unflushed samples A1 and B1 at around 300–600 nm depth. Charge de-
pletion is caused by electron trapping inside dislocations, extended defects and point defects lo-
cated in and near the QD layer. The trapped electrons cannot follow the 1 MHz measurement sig-
nal. Charge accumulation peaks at ~630–650 nm depth are also related to trapped electrons which 
are released and contribute to the capacitance when the Fermi energy has moved below the trap 
states at higher reverse bias values [139, 140]. Flushed samples A2 and B2 show charge accumu-
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Figure 3.12 (a) DLTFS spectra measured from samples A1, A2, B1, and B2. Measurement parameters 
were UR=-4.0 V, UP=0.0 V, TW=200 ms and tP=10 ms. (b) Isothermal DLTFS signal plotted against log(tP) at 
T=230 K showing a linear slope up to tP= 10 s. 
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lation at a depth of 480 nm, accompanied by slightly depleted areas below and above. This is re-
lated to electrons from the surrounding areas accumulating at the confined QD states. Defect-
related charge accumulation is not observed in the flushed samples. Charge accumulation peaks 
are shifted deeper into the calculated depth profile because the Fermi level crosses the confined 
QD states and deep defect states when the depletion region edge, which defines the depth in the 
calculated depth profile, is already at a greater depth. The deeper the probed state lies in the band 
gap, the greater is the shift.  
Figure 3.13(b) shows PL spectra recorded from all four samples at T=300 K by a diode laser oper-
ating at λ=785 nm and an InGaAs detector array. The features in the PL spectra of all samples can 
be divided into four parts: emission from the QDs, emission from GaAs at ~1.4 eV, and broad 
emission related to substrate impurities at ~0.9 eV. Furthermore, four conclusions can be drawn 
from the PL data: (i) the QD PL signal is larger for samples with cycled InAs deposition, (ii) flushing 
increases the PL signal, (iii) flushing causes a BS of PL signal, and (iv) the BS is larger for sample 
A2 grown with continuous deposition. Cycled InAs deposition introduces fewer defects (lower non-
radiative recombination rate), as observed by the DLTFS measurements presented in Figure 
3.12(a), explaining part (i). Cluster formation in particular is suppressed due to cycled growth [138]. 
The same explanation is valid for part (ii): flushing removes and prevents defect formation in and 
near the QD layer, suppressing nonradiative recombination significantly. Furthermore, flushing 
influences the shape, size and composition of the QDs, causing a BS in PL emission [134], ex-
plaining part (iii). Material diffusion can be expected to be more pronounced when there are more 
defects which might act as diffusion promoters, which could explain the part (iv). The relative 
weakness of the sample A2 PL emission can be explained by the smaller energy offset between 
the GaAs band gap and QD states. A smaller energy offset increases the probability of thermal 
escape of carrier from the QD states, reducing the PL intensity. 
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Figure 3.13 (a) Free carrier depth profile calculated form the CV measurements (samples A1 and A2 with 
solid line and B1 and B2 with dotted line), and (b) PL spectra recorded from each sample.  
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Flushing can be concluded to remove the majority of the strain-relaxation-induced defects. 
However, DLTFS measurements from n-type Schottky diodes does not probe hole traps, which 
could occur in any of the samples. Cycled growth is also beneficial, apparently due to reduction of 
InAs clustering. The flushing induced BS could be minimized by optimizing flushing time, 
temperature and capping layer thickness. Cycled growth combined with a flushing step could be 
applied for fabrication of stacked InAs/GaAs QDs, fabricated near the critical deposition limit for 
strain relaxation, for solar cell applications. 
3.3 GaSb/GaAs quantum dot nanostructures 
InAs/GaAs is not the only available material system for formation of self-assembled semiconductor 
QDs. Deposition of GaSb on GaAs also results in a 3D growth mode and QD formation [141]. 
However, GaSb QDs do not necessary follow SK growth, but also interfacial misfit (IMF) growth is 
possible for GaSb/GaAs structures [23, 142-144]. Furthermore, GaSb/GaAs QDs acquire a type-II 
band structure, where the holes are confined but the electrons are loosely bound by Coulombic 
interaction with holes [145]. In this chapter, the optical properties of GaSb/GaAs QDs, grown with 
different V/III beam equivalent pressure (BEP) ratios and exposed to thermal annealing, are re-
ported [P4]. The properties of solar cells with stacked GaSb QDs layers are also investigated.  
Optical properties of GaSb/GaAs QDs [P4] 
GaSb QDs can follow either SK or IMF growth modes. The dominant growth mode in the 
GaSb/GaAs system can be influenced by the III/V BEP ratio [23], and the transition from SK to IMF 
growth is not abrupt. In IMF growth mode, the strain caused by the lattice mismatch is relieved by 
introducing 90° dislocations within the QD. The size of the IMF grown QDs is larger compared to 
SK grown QDs, changing the position of the confined energy levels inside the QDs. The size dif-
ference explains the reported differences in PL: emission at around 1.1 eV is observed for SK 
grown QDs [23, 141, 144, 146-151], whereas IMF grown QDs emit at ~0.95 eV [23, 144]. 
To investigate the optical properties of GaSb/GaAs QDs grown near the transition from SK to IMF 
growth mode, three samples were grown with different Sb/Ga BEP ratios. First, a 200 nm GaAs 
buffer layer, a 50 nm AlAs layer and a 50 nm GaAs layer were deposited on GaAs(100) substrate. 
Then a GaSb QD layer was fabricated by depositing 3 ML of GaSb. The structure was finalized by 
50 nm GaAs, 50 nm AlGaAs, and 30 nm GaAs cap layers. More detailed fabrication parameters 
can be found in [P4]. Three samples were fabricated with Sb/Ga BEP ratios of 3, 5, and 7, resulting 
in samples labelled A, B, and C, respectively. QDs were also deposited on top of each sample us-
ing the same growth parameters as for the embedded ones. 
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Figure 3.14(a) and (b) shows AFM images of surface QDs on samples A and C, respectively. The 
higher Sb/Ga BEP ratio results in slightly larger and more rectangular QDs. The QD density was 
measured to be 3.3×1010 cm-3 and 2.7×1010 cm-3 for samples A and C, respectively. Larger QD 
size correlates with decreased QD density. The slightly rectangular shape of the QDs in sample C 
with the highest Sb/Ga BEP ratio can be linked to the onset of IMF growth mode, although there 
are also round QDs formed via SK growth mode in this sample. IMF growth mode is known to take 
place when the larger adatom (Sb) is present in larger quantities on the growth surface compared 
to the smaller adatom (Ga) [23].  Figure 3.14(c) shows the PL spectra recorded for each sample at 
T=300 K. Increasing the V/III BEP ratio reduces the PL emission and shifts it to lower energies. 
The red shift can be explained by the increase in average QD size. PL intensity is also expected to 
decrease because of the formation of misfit dislocations and the resulting increase in nonradiative 
recombination.  
The optical properties of GaSb QDs upon thermal annealing were also studied. Cleaved 4×4 mm2 
samples were annealed for tANN=30 s on Si wafer under a GaAs proximity cap, in N2 atmosphere at 
TANN ranging from 600 °C to 970 °C. Figure 3.15 shows the PL spectra recorded at T=300 K, from 
as-grown, 870 °C, and 970 °C annealed samples. Gaussian fits were applied to the PL data rec-
orded from the annealed samples to obtain PL signal strength, PL energy (photon energy), and 
FWHM as a function of annealing temperature, presented in Figure 3.16(a), (b), and (c), respec-
tively.  
 
0.9 1.0 1.1 1.2 1.3 1.4 1.5 1.6
0.0
0.1
0.2
0.3
0.4
0.5
0.6 QDs
WL
 A, V/III = 3
 B, V/III = 5
 C, V/III = 7
 
 
P
L
 s
ig
n
a
l 
(a
rb
. 
u
.)
E (eV)
GaAs
(c)  
Figure 3.14 AFM image (1µm×µ1 m) of surface QDs taken from the sample with (a) V/III = 3 (same as 
sample A), and (b) V/III = 7 (same as sample C). Room temperature PL spectra of as-grown QD samples A, 
B, and C grown with different V/III BEP ratios. 
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Figure 3.15 PL spectra of as-grown and annealed samples fabricated with V/III BEP ratios of (a) 3, (b) 5, 
and (c) 7.  
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Figure 3.16 (a) PL signal strength, (b) PL energy (energy of photons at peak maxima), and (c) FWHM as a 
function of TANN. Data points at TANN=550 °C correspond to as-grown sample. 
Annealing is found to increase the PL intensity, shift emission to higher energies, and decrease 
FWHM. Annealing of the defects in the QD and surrounding layers and interfaces improves the PL 
emission. The shift in PL energy is due to annealing induced material diffusion, which causes 
changes in the effective QD size shape and composition, and also a decrease in FWHM value 
[152-154]. The decrease in PL emission at high temperatures for samples A and B is accompanied 
by an increase of WL PL emission, as seen in Figure 3.15. The probability that electron-hole pairs 
recombine through spontaneous emission in the WL increases when the confined QD energy 
states shift closer to the WL energy states. This can explain the decreasing trend for samples A 
and B at high TANN. Sample C shows an increase in PL emission up to the highest annealing tem-
peratures, because as-grown sample C emits PL at the lowest energy and the QD energy states 
are not shifted as close to the WL energy states as they are in samples A and B. One can also 
expect that sample C has the highest defect density due to the onset of IMF growth mode, and a 
higher annealing temperature can be needed to remove those defects. A small BS in WL emission 
is also observed due to annealing induced material intermixing. The BS is not found to be depend-
ent on the Sb/Ga ratio, indicating similar diffusion mechanism in all the samples. 
The influence on thermal annealing on confined QD states was further investigated by tempera-
ture-dependent PL spectroscopy. PL emission was recorded over the temperature range from T=9 
K to T=300 K from as-grown, and TANN=870 °C samples. All the samples showed an increase in PL 
emission intensity when the temperature was decreased. The thermal activation energy was ob-
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tained for each sample by fitting equation (2-1). Fits and thermal activation energies are presented 
in Figure 3.17(a)-(d). Thermal activation energy is higher for sample C due to better confinement of 
holes located in larger sized QDs. Thermal annealing decreases the confining potential for both 
samples, as indicated by reduced thermal activation energies. The obtained activation energies 
correlate with AFM and PL findings. Power dependent PL measurements were also performed at 
T=9 K. Figure 3.17(e) shows PL peak position in energy scale plotted against the third root of exci-
tation power density. A linear increase is observed for as-grown and annealed (TANN=870 C) sam-
ples A and C. This is typical for materials with type-II band alignment [141, 147, 155-158]. This 
result shows that thermal annealing does not change the band alignment, which is expectable 
since type-II band alignment appears for all Sb compositions in GaAsSb [145].  
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Figure 3.17 (a)-(d) Integrated PL signal plotted against inverse of temperature. A single exponential function 
was fitted to the data. (e) PL emission energy plotted against the third root of excitation power showing linear 
increase, indicating type-II band alignment. 
Information about Sb/Ga ratio based selectivity between strained SK growth mode and IMF growth 
mode is important when fabricating GaSb QDs for solar cell applications. Although IMF growth 
results in more confined energy states and lower energy PL emission, the QD density is lower and 
dislocations increase nonradiative recombination. Thermal annealing can reduce the amount of 
defects, but it is accompanied by an unwanted BS.  
GaSb/GaAs quantum dots in solar cells  
The influence of stacked GaSb/GaAs QDs in p-i-n solar cells were investigated. Four GaAs p-i-n 
solar cells were fabricated with 0, 5, 10, and 20 layers of GaSb QDs. After the growth of 400 nm n-
GaAs on n-GaAs(100) substrate, an i-region consisting of a stack of 3 ML GaASb QDs separated 
by 15 nm of GaAs was fabricated. A BEP Ga/Sb ratio of 3.2 was used to ensure that the growth 
takes place in SK mode, without formation of dislocations. The undoped i-region was capped by 
300 nm of p-GaAs, forming a p-i-n diode. The fabrication of the doped GaAs layers and the i-region 
was performed at TGR=580 °C, and TGR=500 °C, respectively.  
Figure 3.18(a), (b), and (c) shows PL spectra, LIV, and EQE data, respectively, recorded from 
GaSb QD solar cells. There are no remarkable differences in PL emission between the samples 
although they contain different amounts of stacked QD layers. The PL emission is most likely origi-
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nating from the topmost QD layers, since a large fraction of the photons emitted by the laser are 
already absorbed within the 300 nm GaAs capping layer. The sample without a QD layer shows 
only strong bulk GaAs related PL (not shown). The LIV results show that introducing a QD layer to 
the structure decreases the solar cell voltage: VOC is 0.87 V, 0.74 V, 0.70 V, and 0.69 V for samples 
with 0, 5, 10, and 20 QD layers, respectively. QD solar cells typically have lower voltages com-
pared to a reference without QDs due to increased rate of recombination [159-163]. The positive 
observations are, that (i) the voltage drop seems to saturate, and (ii) the drop is smaller compared 
to earlier reported values [159, 162, 163]. Only minor changes in ISC are observed: the lowest value 
is recorded from the sample with 5 QD layers, whereas 20 QD layers and the GaAs reference solar 
cell produce the highest ISC. However, Figure 3.18(c) shows that absorption in the WL and QDs 
does occur, and it gets stronger when the amount of layers is increased. Apparently at least some 
of the QD layers induce recombination that reduces the current (and voltage), but the photocurrent 
generation by the QD layer compensates for the current losses when 20 layers are stacked. A 
quantity of QD layers at least an order of magnitude larger should be fabricated in order to achieve 
significant QD induced current generation.   
Thermal annealing was tested, because it is known to improve the PL intensity and remove defects. 
Carefully cleaved 4×4 mm2 samples were annealed on Si wafer under a GaAs proximity cap in a 
N2 atmosphere. Figure 3.19 shows QD related (a) PL intensity, (b) PL energy, and (c) FWHM as a 
function of TANN. All the samples behave similarly, showing first an increase in PL intensity followed 
by a decrease after TANN≈800 °C. A shift of QD PL peak to higher energies also occurs, and the BS 
is clearly enhanced at the same temperature when the PL intensity starts to drop. A decrease in 
FWHM is also present, starting also at TANN=800 °C.  
Since the WL has a larger spectral response than the QDs, the PL emission of the WL was ana-
lyzed as well. Figure 3.20 shows WL related (a) PL intensity, (b) PL energy, and (c) FWHM as a 
function of TANN for the sample with 5 QD layers. The other two samples’ WL PL emission seemed 
to show similar behavior upon annealing, the only clear difference being PL intensity, which was 
from 1.5 to 2.5 times higher for the sample with 5 QD layers. The reason why only the 5 QD layer
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Figure 3.18 (a) PL spectra, (b) LIV curves, and (c) EQE data recorded from GaSb/GaAs QD solar cells. 
Increase in amount of stacked layers manifests as increase in solar cell current generation and EQE but 
decrease in solar cell voltage. 
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 sample is plotted here is the weakness in the WL PL emission and overlapping with the stronger 
QD related PL peak for the other two samples, preventing reliable fitting of Gaussian peaks. The 
WL PL intensity is found to increase up to TANN=826 °C, after which it decreases. Emission also 
shifts to higher energy when TANN is increased. Furthermore, the FWHM decreases when TANN is 
increased. The PL behavior is, in general, similar for WL PL emission and QD PL emission. Both 
PL peaks shows similar changes in PL intensity, a diffusion related energy shift, and a decrease in 
FWHM. 
After the PL measurements, cleaved 4×4 mm2 samples were processed into solar cells using the 
test process described in section 2.1. The impact of thermal annealing is presented in Figure 
3.21(a), (b), and (c), showing annealed solar cells ISC, VOC and FF, respectively. The data show that 
thermal annealing has no significant influence on solar cell operation. The highest current is meas-
ured from the 5 and 20 layer samples  annealed at TANN=700 °C,  but the increase compared  to as- 
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Figure 3.19 QD related (a) PL intensity, (b) PL energy, and (c) FWHM as a function of TANN. Data points at 
TANN=650 °C correspond to as-grown sample. The data are obtained from the Gaussian peaks fitted to PL 
spectra. 
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Figure 3.20 WL related (a) PL intensity, (b) PL energy, and (c) FWHM as a function of TANN. Data points at 
TANN=650 °C correspond to as-grown sample. The data are obtained from the Gaussian peaks fitted to PL 
spectra for the sample with 5 QD layers. 
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grown samples is only 2-3%. The highest VOC is measured from the 5 layer sample annealed at 
TANN=742 °C, but the increase compared to the as-grown sample is only ~2 %. The best FF is 
measured from the as-grown 5 layer sample. A small decreasing trend and increasing dispersion in 
ISC, VOC and FF values takes place when TANN is increased. 
Figure 3.22 shows the spectral response measured from the as-grown and annealed (TANN=791 °C) 
10-layer sample. Although the PL intensity is clearly enhanced upon annealing, there are only ex-
tremely small changes in spectral response. Minor degradation and a BS is observed for WL ab-
sorption in the annealed sample, as shown in Figure 3.22(b), but the difference in spectral re-
sponse is less than 10 %.   
Although the insertion of QDs results in absorption and a spectral response related to WL and QD 
confined energy states, the efficiency is not increased due to reduction of solar cell voltage. Ther-
mal annealing does not seem to have a significant influence on investigated GaSb QD solar cells, 
although it strongly influences QD and WL PL emission. A larger amount of stacked layers should 
be applied in order to increase the absorption in the QD layer. The problem with increasing the 
number of layers is strain accumulation, which limits the amount of stacked layers in SK grown 
structures. Strain compensation layers  can be applied to  QD solar cell structures, enabling  larger  
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Figure 3.21 (a) ISC, (b) VOC, and (c) FF as a function of TANN, measured from GaAb QD solar cells. Data 
points at TANN=650 °C correspond to as-grown sample. 
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Figure 3.22 (a) Spectral response recorded from as-grown and annealed (TANN=791 °C) sample with 10 QD 
layers. (b) Magnification to WL absorption showing only small changes in spectral response. 
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amounts of stacked layers [160, 164-169]. Strain compensation layers would most likely influence 
also the annealing properties of the QD stack. Also, introducing n-doping into the inter-dot space 
could improve the QD photocurrent generation, due to the increased probability of transition of 
electrons from confined QD states to the conduction band [170]. Furthermore, in order to charac-
terize the GaSb QD IB operation in more detail, an EQE setup described in the reference [18] 
should be used. 
3.4 InAs quantum dots embedded in GaNAs and GaInNAs 
Tensile strained layers have been successfully incorporated into stacked QD solar cell structures, 
preventing strain accumulation and improving the size homogeneity of the QD stack [160, 164-169]. 
GaNAs strain compensation layers have enabled stacking of several tens of InAs QD layers with-
out strain accumulation or changes in QD sizes [166, 167, 169, 171, 172]. In addition, GaNAs is 
also used as an absorber in QW solar cells [173]. Another strain-engineering technique is strain 
mediation. Strain mediation layers have been used to mediate the compressively strained layers in 
telecommunication laser applications [174]. Thin, slightly compressively strained GaInNAs layers 
deposited on the InAs QD layer mediate the compressive strain caused by lattice mismatch. In 
solar cell structures, GaNAs and GaInNAs layers would also act as QW absorbers and provide 
steps for electrons and holes to thermally excite to the conduction and valence bands, respectively. 
In this chapter, the influence of GaNAs strain compensation and GaInNAs strain mediation layers 
on optical properties and charge carrier thermionic emission in InAs QD solar cells are summarized 
[P5]. 
The influence of Ga(In)NAs layers on optical properties [P5] 
A set of p-i-n type solar cell samples were fabricated in which the i-regions were varied. Figure 
3.23(a) shows the schematic sample structure for samples A, B, C, and D, consisting of GaAs, 
InAs/GaAs, InAs/GaNAs/GaAs, and GaInNAs/InAs/GaNAs/GaAs i-regions, respectively. A more 
detailed description of the fabrication process is given in [P5]. The amount of deposited InAs was 2 
ML, resulting in coherently strained defect-free QD layers. First, the composition of the dilute nitride 
layers was defined by the XRD measurements presented in Figure 3.23(b). The composition of 
GaNAs was determined from the XRD data recorded from sample C, and using that information, 
the composition of GaInNAs was determined from the sample D XRD data. The compositions, 
band gaps, and lattice mismatch on GaAs are presented in Table IV. The XRD fringes appear to 
be sharper for sample D compared to sample C, indicating sharper interfaces and higher material 
quality. 
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Figure 3.23 (a) Schematic sample structure. (b) XRD rocking curves in ω-2θ geometry for samples B, C, 
and D. 
Table IV Compositions, band-gaps, and lattice mismatch defined as (aGaAs-amaterial)/aGaAs for investigated ma-
terials. 
Material 
N-composition In-composition Band-gap (eV) Lattice mismatch on GaAs (%) 
GaAs 0.00 0.00 1.424 0.000 
InAs 0.00 1.00 0.354 -6.686 
GaNAs 0.01 0.00 1.232 0.204 
GaInNAs 0.01 0.06 1.191 -0.226 
 
Insertion of dilute nitride layers strongly influence the QD PL emission, as shown in Figure 3.24(a). 
Addition of GaNAs layer redshifts the QD PL emission from λ=990 nm to λ=1090 nm, and insertion 
of GaInNAs strain mediation layers further redshifts the PL up to λ=1250 nm. PL intensity decreas-
es significantly when a GaNAs strain compensation layer (sample C) is added to the structure. 
Incorporation of N induces defects in the material [175], which can be expected to increase the 
nonradiative recombination rate and decrease the PL intensity. However, insertion of GaInNAs on 
top of the QDs (sample D), results in significantly higher PL intensity compared to sample C. In-
crease in PL intensity and sharper XRD fringes in sample D is evidence for improved material qual-
ity. The influence of GaNAs and GaInNAs layers on confined energy states within the QDs is illus-
trated schematically in Figure 3.24(b). Dilute nitride materials (which have smaller band gap than 
GaAs) modifies the confining potential for electrons and holes inside the QD layer, shrinking the 
energy difference between electron and hole states and causing a red shift in the PL spectra.   
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Figure 3.24 (a) PL spectra for samples A–D, at T=293 K, showing the shift of QD PL emission to longer 
wavelengths. (b) Schematic image of band diagrams of samples A–D. The insertion of dilute nitride layers 
shifts the difference between confined electron and hole levels: ΔEB> ΔEC> ΔED. 
The influence of dilute nitride layers on the spectral response of the p-i-n solar cells is presented in 
Figure 3.25. A reduction in spectral response occurs at λ<870 nm for all the samples with QD lay-
ers. The reduction becomes more pronounced when GaNAs and furthermore GaInNAs are added 
to the structure. This can be linked to at least three different phenomena, which are (i) N-related 
defects, (ii) an increase in background doping and subsequent shrinkage of the depletion region, 
and (iii) a reduction in the total amount of GaAs. The N incorporation not only creates deep defect 
levels, but it also introduces background doping to the material [P7, P8][78, 79, 176-186]. In-
creased background doping directly influences the width of the depletion region, and as a conse-
quence at least part of the QD layers can be left totally outside of the depletion region. When a QD 
layer, embedded in GaNAs and GaInNAs, lies outside the depletion region, the charge carriers are 
not influenced by the electric field and the probability for nonradiative recombination at QD layer 
increases. When part of the i-GaAs, which can be grown at relatively high quality, is replaced with 
the QD and dilute nitride layers which induce potential well surrounded by N-related defects locat-
ed outside the depletion region, the reduction in spectral response is inevitable. Although the spec-
tral response decreases at short wavelengths, a clear increase in absorption and related photocur-
rent generation is observed at λ>900 nm. The absorption edge moves to longer wavelengths when 
moving from sample A to sample D. As for the PL, the addition of GaNAs and furthermore GaIn-
NAs shifts the absorption to longer wavelengths. In sample B, the InAs QD layer related absorption 
occurs at λ=900–950 nm. GaNAs shifts the absorption edge up to λ=1050 nm: a broad peak in the 
spectral response of sample C at λ=900–1050 nm is related to the absorption to InAs and GaNAs. 
Addition of GaInNAs shifts the absorption edge up to λ=1200 nm. The spectral response of sample 
D consists of direct absorption in GaNAs, GaInNAs and the QD layer. When comparing the PL and 
spectral response data, one can see that the absorption related to confined QD states is very weak.  
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Figure 3.25 Normalized spectral response of samples A–D showing dilute nitride and QD induced absorp-
tion at longer (>900 nm) wavelengths. 
However, the WL related absorption and consequent current generation is detectable. Absorption 
in GaNAs and GaInNAs QWs is much stronger. The insertion of GaNAs and GaInNAs layers seem 
to have positive and negative effects on the p-i-n solar cell operation. Reduction in spectral re-
sponse is accompanied by increased current generation from longer wavelength photons. There is 
also a fundamental difference between the investigated samples: because dilute nitrides create a 
potential well or QW in the structure, they should be labelled “QD boosted” QW solar cells. Sample 
B, however, contains only InAs QD layers, and in the optimal case, such a structure could create 
an isolated intermediate band in the structure, generating a voltage equal to that of the GaAs ref-
erence cell, but with a higher current due to intermediate band related absorption.  
 
The influence of Ga(In)NAs on charge carrier thermionic emission [P5] 
Dilute nitride layers influence the solar cell operation also through another mechanism, which is not 
related, at least not directly, to extension of the absorption edge to longer wavelengths. Additionally, 
GaNAs and GaInNAs create steps for electrons and holes to thermally escape from the QD layer. 
Figure 3.26(a) illustrates schematically how electrons and holes escape from the QD layer to the 
GaAs conduction and valence bands, respectively. Thermionic emission of carriers can be investi-
gated by measuring the current generation of the solar cell at different temperatures. Figure 3.26(b) 
shows ISC as a function of T for all four samples when illuminated by a halogen lamp through a 
λ=900 nm long-pass filter. The current increases clearly when moving from sample A to sample D. 
Current generation is in agreement with the spectral response data, presented in Figure 3.25: the 
higher the spectral response is at λ>900 nm, the higher the current is throughout the whole tem-
perature range. The more interesting result is that when current at T=450 K is normalized to one 
for all of the samples, a clear difference in relative increase in current is observed. Figure 3.26(c) 
shows  how  temperature dependence of  the current,  generated by the  photons at λ>900 nm, de- 
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Figure 3.26 (a) Schematic of the thermal excitation process from QD layer to GaAs conduction band in 
sample B and D. ISC as a function of temperature plotted as (b) absolute value and (c) normalized at T=450 
K. Samples are illuminated through a 900 nm long-pass ﬁlter. 
creases when moving from sample A to sample D.  A small increase in ISC is observed for samples 
C and D at T=260–280 K. This can be related to the carrier freeze out effect, where charge carriers 
are trapped to deep level states at a certain temperature, due to lack of thermal energy. This re-
duces the background doping and widens the depletion region, which can influence current gener-
ation positively. 
The results show how dilute nitrides influence InAs QD solar cell operation in various ways. GaNAs 
and GaInNAs act as strain compensation and mediation layers for InAs QDs, shift QD layer PL 
emission and spectral response to longer wavelengths, provide steps for charge carriers to escape 
from the QD layer, and contribute to the solar cell current generation by absorbing photons for 
which GaAs is transparent. Such structures could be used, for example, as part of a multijunction 
solar cell, although the amount of stacked layers should be several times higher in order to in-
crease the absorption. For example, a typical thickness for a GaAs solar cell is >3 µm [187], 
whereas the whole i-region thickness in samples A-D is only 550 nm. 
3.5 Strain-free GaAs quantum dot nanostructures 
Semiconductor QDs do not have to be strained like SK grown QDs or contain misfit dislocations 
like IMF grown QDs. Droplet epitaxy is a method where liquid droplets, consisting of a group III 
element such as Ga, are first deposited on the sample and then crystallized under pressure of a 
group V element, such as As [188-191]. This growth process does not require strain or presence of 
dislocations. However, droplet epitaxy requires low growth temperatures, leading to high point de-
fect densities [192]. Another method for fabricating strain-free QDs is related to so-called local 
droplet etching [193-195], where group III element droplets are fabricated on the sample surface at 
higher temperatures compared to droplet epitaxy. Nano sized holes are formed, e.g., on AlAs sur-
face due to As desorption underneath the deposited Ga droplets. The resulting nano holes can be 
filled with a lattice-matched semiconductor, such as GaAs, and strain-free QDs are created. One of 
the benefits of this method is that low-temperature growth is not needed, leading to lower defect 
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densities compared to droplet epitaxy. Strain- and defect-free highly uniform QD layers which 
would not require strain compensation, even when multiple layers are stacked on top of each other, 
could be applied in high-efficiency QD solar cells or lasers. In this chapter, optical properties and 
the influence of thermal annealing on a strain-free GaAs/AlGaAs QD stack, fabricated by refilling of 
self-organized nano holes, are investigated. The results presented in the following two sections are 
based on [P6]. 
Optical properties of strain-free GaAs quantum dots [P6] 
A sample with a stack of five QD layers was fabricated on semi-insulating GaAs(100) substrate. 
First, lattice-matched GaAs and AlGaAs layers were grown. Then, a 5 nm thick AlAs layer was 
grown, on which 3.2 ML of Al was deposited forming Al droplets. The sample was annealed for 180 
s resulting in As desorption beneath the droplets and formation of 16 nm deep nano-holes. Cycled 
deposition of 0.6 nm GaAs partly filled the formed nano-holes, resulting in 8 nm high GaAs QDs 
with a density of about 4×108 cm-2. The QD layer was capped with a 20 nm thick AlGaAs layer, and 
a new 5 nm AlAs layer was deposited for the next QD layer. This sequence was repeated until a 
stack of five QD layers was grown. The whole structure was further capped with AlGaAs and GaAs 
layers. Additional details for the growth process can be found in [196, 197]. 
Figure 3.27(a) shows PL spectra of the GaAs QD sample recorded at T=8 K (closed cycle helium 
cryostat). The excitation power of the argon ion laser, operating at λ=488 nm, was varied from 1 to 
30 W cm-2 and the PL signal was detected by a CCD detector. Four different QD states, labelled E0, 
E1, E2, and E3 become visible at higher excitation powers, whereas only the ground state related 
transition E0 is visible when the lowest excitation power is used. Also GaAs WL and AlGaAs PL 
emission is visible at E=1.82 eV, and E=1.84 eV, respectively. A shoulder at the low energy side of 
the E0 peak is related to GaAs bulk emission. The FWHM of the E0 transition at T=8 K is only 13 
meV. A similar reference sample with a single QD layer shows similar PL emission with a FWHM 
of 14 meV for the E0 transition at T=8 K. This indicates that the stacking does not influence the in-
dividual QD layers, and several layers can be stacked without degradation in QD optical properties. 
PL emission at various temperatures is plotted in Figure 3.27(b). The PL intensity increases with 
decreasing temperature and emission shifts to higher energies. Figure 3.28(a) shows the integrat-
ed PL intensity of the E0 transition plotted against the inverse of T. A single exponential equation 
(equation (2-1)) was fitted to the data, giving thermal activation energy of 412 meV for nonradiative 
recombination.  This energy describes the thermal energy required for charge carriers to escape 
from the QDs, and the energy is higher than the confining potential for electrons and holes. There-
fore, it cannot be linked solely to the energy barrier to the energy barrier created by AlGaAs or 
AlAs layers, and some other effect must influence the thermal activation energy for nonradiative 
recombination. 
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Figure 3.27 (a) Power-dependent PL spectra of GaAs QDs at T=8 K. The excitation power is varied from 1 
to 30 W cm
−2
 (b) PL spectra measured at various temperatures. Excitation power is 30 W cm
-2
. Decreasing T 
increases the PL intensity. 
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Figure 3.28 Temperature dependence of (a) PL intensity and (b) PL peak position of the E0 transition using 
an excitation power of 30 W cm
−2
. The straight line in (a) is the single exponential fit to the experimental da-
ta. The empirical Varshni relation is fitted to the data points in (b). Additionally, the temperature dependence 
of the bulk GaAs band gap energy is plotted in (b). 
Figure 3.28(b) shows how the PL peak of the E0 transition shifts as a function of T. A BS of 93 meV 
occurs when the temperature is decreased from 300 K to 8 K.  The empirical Varshni relation 
(equation (2-2)) for bulk GaAs calculated with the parameters E(0)=1.58 eV, α=5.41×10−4 eV K−1 
and β=204 K [198], is plotted in the Figure. The Varshni relation is also fitted to the empirical data 
with the same parameters α and β as for bulk GaAs, but with E(0)=1.52 eV. The measurements 
follows the GaAs Varshni relation when T>110 K with a constant shift in the energy. This kind of 
behavior can be expected if (i) carrier hopping between the QDs is absent or (ii) the variations in 
the QD properties are very small. For example, a significantly higher energy shift, compared to 
temperature dependent bandgap variations, is observed in InAs/GaAs QD PL emission, and is 
related to the hopping of charge carriers between the QDs [199]. It is apparent that hopping be-
tween the QDs is present also here, and the reason for the well-behaved temperature dependence 
of the emitted photon energy is due to is due to the uniform size of the QDs with close to equal 
energy levels. At lower temperatures (T<100 K) the E0 peak position is constant, which can be ex-
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plained, at least partly, by the strong exciton localization effects in the QDs lowering the emitted 
photon energy [200, 201]. Excitons are released at T≈110 K, corresponding to ~9.5 meV thermal 
energy, whereas the energy difference between the Varshni relation and the linearly extrapolated 
data at T=0 K is ~14 meV. 
PL measurements show that high-quality GaAs/AlGaAs QDs can be fabricated by refilling LDE-
grown nano holes. Stacking of the QDs up to 5 layers does not lead to degradation of optical quali-
ty, because the whole structure is lattice-matched and strain accumulation is not present. This is a 
promising result for fabrication of GaAs/AlGaAs QD solar cells. One parameter to be optimized is 
the QD density, which is low for the sample investigated here. Several LDE steps could be applied 
to increase the nano hole and consequently the QD density.  
Influence of thermal annealing [P6] 
Thermal annealing was performed on the stacked GaAs QD sample. The sample was capped by a 
120 nm thick SiO2 layer grown by PECVD, and the surface was not treated with any chemical be-
fore capping. Thermal annealing was performed in an N2 environment on a Si wafer for 2×2 mm
2 
cleaved sample pieces. Figure 3.29 shows normalized PL spectra recorded from samples an-
nealed at different TANN for tANN=30 s. The PL peak shape remained fairly constant until 
TANN >1000 °C was applied. This is an implication of extremely high thermal stability. Higher anneal-
ing temperatures could not be used because the SiO2 capping layer was destroyed. 
More accurate data collected from annealed samples are presented in Figure 3.30. Two annealing 
tests were done where tANN was constant and TANN was varied, and vice versa. Figure 3.30(a) 
shows PL intensity and BS, related to the E0 transition, as a function of TANN when tANN was fixed at 
30 s. Material diffusion induced BS does not occur until extremely high annealing temperatures are 
applied, and even then the BS is fairly small. Totally different results have been published for GaAs 
QDs fabricated by droplet epitaxy, where a clear BS occurs already at low annealing temperatures 
[202, 203]. This confirms that the material diffusion is to a large degree defect assisted, and the 
defect density of the GaAs QDs investigated here is very low. Interestingly, the PL intensity stays 
relatively constant, until a clear increase occurs at the same temperatures where the BS starts. 
This can be just coincidence, and a high annealing temperature is required to remove remaining 
defects in the QD layer, or alternatively the increase in PL intensity is directly related to the materi-
al diffusion. Figure 3.30(b) shows PL intensity and BS, related to the E0 transition, as a function of 
cumulative annealing time at TANN=970 °C. The PL peak remains at the same energy/wavelength 
until tANN>50 s is applied, after which BS occurs. The intensity of the PL emission, however, im-
proves almost constantly when tANN is increased, indicating that the detectable material diffusion is 
not mandatory for PL improvement. Figure 3.30(b) proves also, that the temperature limit for the 
material  diffusion  and  consequent BS  is exceeded at TANN=970 °C,  but diffusion does  not  occur  
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Figure 3.29 Room temperature PL spectra of samples annealed with tANN=30 s at TANN=870 °C, 970 °C, and 
1013 °C. The PL spectra are normalized to one. 
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Figure 3.30 PL intensity and BS of PL plotted versus (a) Tann (tANN=30 s) and (b) versus tann (TANN=970 °C). 
(c) FWHM as a function of TANN and tANN when tANN=30 s and TANN=970 °C, respectively. The point at TANN=650 
°C refers to as-grown sample. 
immediately. Most likely point defects, such as vacancies formed at the GaAs/SiO2 interface during 
annealing [81], diffuse to the QD layer and catalyze material diffusion. Therefore, the BS does not 
start until the vacancies have diffused to the QD layer, and at TANN=970 °C the required time is ~50 
s. 
Figure 3.30(c) shows the FWHM of the E0 transition related PL peak at T=300 K when TANN and tANN 
are varied. The changes in the FWHM are more consistent when tANN is varied, because the same 
sample is measured at the same spot after each annealing step, and the data do not contain any 
spatial variations over the wafer, to which the FWHM value is sensitive. The FWHM value is found 
to increase upon annealing. The increase saturates after tANN≈10 s when TANN=970 °C is applied. 
An annealing induced process is occurring in the QD layer within the first 10 s of annealing, which 
widens the E0 transition PL peak but does not induce BS. Increasing TANN also increases the 
FWHM, but the behavior is not clear because a local minimum of the FWHM is present at 
TANN≈800–850 °C. The reason for this behavior could be changes between the samples due to spa-
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tial variations or different temperature dependent mechanisms, some of which causing an increase 
and some a decrease in the FWHM.  
Thermal annealing tests showed that GaAs QDs, fabricated by refilling self-organized nano holes 
obtained by LDE, can be very temperature stable, contain a low density of defects, and do not un-
dergo significant material diffusion even at high TANN. However, thermal annealing can improve the 
PL emission, and a BS occurs if extremely high annealing temperatures are applied. The annealing 
behavior could also be different if the sample surface were treated with, for example, NH4OH as 
described in section 3.1. Also GaAs proximity capping could lead to different annealing behavior, 
but in general, the material was found to be extremely stable upon annealing. 
3.6 Lattice matched dilute nitride materials for multijunction solar cells 
Dilute nitrides, lattice matched to GaAs or Ge, are rapidly emerging as a practical approach for 
significantly increasing the efficiency of III-V multijunction solar cells for terrestrial concentrators as 
well as space applications. Dilute nitrides can be grown lattice matched on GaAs or Ge with a band 
gap energy ranging from 1.42 eV to 0.8 eV [32]. Therefore, using optimized material they could 
enable monolithic integration of 4 to 6 junctions, ultimately enabling over 50 % conversion efficien-
cy under concentrated illumination [41, 42]. However, the fabrication of dilute nitrides is not 
straightforward. Nitrogen is a relatively small as well as reactive atom which has a tendency to 
generate defects, degrading the GaInNAs solar cell performance [175, 204]. A radio frequency 
plasma source is typically used to crack N2 molecules to nitrogen atoms before incorporation into 
the crystal. So-called deflector plates which generate a static electric field perpendicular to the ma-
terial flux can be used to deflect part of the remaining ions, and the use of deflector plates is found 
to improve the device performance [184, 205]. Also the relatively low optimal TGR of dilute nitrides 
compared to InGaAs causes unwanted point defects [206], as observed also in low temperature 
grown GaAs [207].  
Thermal annealing is found to be an effective way to improve dilute nitride material quality, which is 
observed as an increase in quantum well PL emission [74, 75], improved laser operation [76, 77], 
and higher solar cell performance [78, 79]. Because of the relatively high defect densities and low 
carrier diffusion lengths, p-i-n type junctions are typically applied in dilute nitride solar cells. The 
benefit of the p-i-n design, compared to a p-n junction, is the wider depletion region due to the i-
region. However, unintentional background doping levels in the range of NS=6×10
15-1×1017 cm-3 or 
even higher are measured from dilute nitride materials, limiting the depletion region width, espe-
cially when  the band gap is on the order of 1 eV or lower [176, 184]. In order to achieve high-
quality dilute nitride material with low defect densities and background doping levels, detailed in-
formation about the defects in this material is essential. In this chapter, studies on defects formed 
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in dilute nitride p-i-n solar cells are presented. Furthermore, the influence of fabrication parameters 
on defect formation and solar cell performance are summarized.  
Defects in dilute nitride solar cells [P7] 
Defects in three types of dilute nitride p-i-n diodes were investigated [P7]. The p-i-n structures were 
deposited on p-GaAs substrate. After the growth of an n-type GaAs buffer layer, GaInP BSF and 
GaAs collector, an unintentionally dilute nitride layer was deposited at TGR=420 °C. Samples S1, S2, 
and S3 had i-regions consisting of GaIn0.11N0.04As, GaN0.025AsSb0.06, and GaIn0.05N0.03AsSb0.03, re-
spectively. All the dilute nitride materials had a 1 eV band gap energy and were lattice matched to 
GaAs. The intrinsic regions were capped with an n-GaAs emitter, n-AlInP window layer, and n-
GaAs contact layer, resulting in a p-i-n structure. The doping density for emitter and collector was 
set to 1×1018 cm-3, and 5×1018 cm-3, respectively. Round mesa structures with a diameter of 800 
µm were processed for DLTS and CV measurements. Bottom and top Ohmic metal contacts con-
sisting of Ti/Au and Ni/Au layers, respectively, were fabricated by e-beam metallization equipment. 
Figure 3.31 shows the schematic sample structure.  
First, the background doping density NS was determined from the CV measurements, performed 
with 1 MHz frequency and 100 mV amplitude. Figure 3.32(a) shows the recorded CV curves in the 
range from 0 V to -4 V. Figure 3.32(b) shows corresponding Mott-Schottky plots: a straight lines 
corresponding to constant NS at the probed area. Figure 3.32(c) shows the calculated NS profiles. 
Here, the depth means the width of the depletion region inside the i-region. Background doping 
levels of 3.7×1016 cm-3, 5.4×1015 cm-3, and 2.7×1015 cm-3 were determined for samples S1, S2, and 
S3, respectively. Background doping was confirmed to be p-type, based on results obtained from 
separate Hall samples and the EQE behavior. P-type background doping is  beneficial when p-type 
 
Figure 3.31 Schematic sample structure. Only the composition of the 1 eV band gap i-region is varied be-
tween S1, S2, and S3.  
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substrates are used, because then the depletion region forms at the top part of the junction where 
light enters the material. More photons are then absorbed at the depletion region and the probabil-
ity for nonradiative recombination is lower. In addition, the diffusion length for electrons is longer 
than for holes, making p-type material favorable. The results show that the incorporation of Sb 
suppresses NS, resulting in a wider depletion region, which is indeed a positive effect. Antimony 
was reported to reduce NS also earlier by Jackrell et al [184]. However, in that study the background 
doping was n-type, whereas in the samples investigated here it is p-type. Since Sb incorporation is 
found to reduce NS in n-type and p-type dilute nitride material, the possibility of a compensation 
effect is ruled out. It is more likely that the incorporation of Sb improves the crystal quality and pre-
vents the formation of such defects that contribute to NS. Sb also acts as a surfactant, helping ele-
ments to be incorporated into the right lattice sites, as suggested by several earlier reports [208-
212]. It is also proposed that Sb could inhibit impurity incorporation [184].  
The doping profile of sample A is not uniform: a local depletion is observed at a depth of ~200 nm. 
This can be related to a local defect population near the GaAs-GaInNAs interface, causing charge 
depletion. NS also decreases linearly after a depth of 600 nm, which is due to increased leakage 
current during the measurement and does not represent real changes in the background doping. A 
remarkable increase in NS is observed at a depth of ~1750 nm for samples S2, and S2. Because NS 
is significantly lower for these samples, the depletion region edge reaches the highly doped collec-
tor layer at higher reverse bias values, which is seen as an increase in the free carrier depth profile. 
An estimated value of εr=12.1 was applied in calculations, based on previous results where the 
simulations were compared to measured solar cell parameters. Since the calculated i-region thick-
ness is the same for both samples S2 and S3 (depletion region reaches the highle doped GaAs 
layer at the same depth) when the same εr value is used in calculations, it this proves that the ac-
tual εr value must be close to identical for both samples. 
Next, DLTFS measurements were performed utilizing an N2 cryostat. Figure 3.33(a) shows the 
DLTFS spectra in the temperature range of 80-430 K, recorded with the measurement parameters  
VR=-2 V,  VP=0 V, tP=100 ms,  and TW=200 ms. For S1,  a larger  reverse bias of -4 V, was used be- 
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Figure 3.32 (a) CV curves and (b) 1/C2 vs voltage curves for samples A, B, and C. 
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cause the probed volume would otherwise be significantly smaller due to higher background dop-
ing. Four different peaks, labelled T1, T2, T3, and T4 can be identified in the spectra. The DLTFS 
spectra are related to the emission of majority carriers (holes) from the trap states to the valence 
band. Since there is a large difference between the NS values of the samples, the heights of the 
DLTFS spectra cannot be directly compared in order to draw conclusions about the trap densities. 
The inset in Figure 3.33(a) shows normalized DLTFS spectra, showing that the widths of the 
DLTFS spectra increase when moving from S1 to S3. When the material consists of several ele-
ments, a certain defect can appear at different energies depending on the nearest (or next nearest) 
neighbor environment. Therefore, it is logical that sample S3 exhibits the widest spectrum because 
its i-region consists of five different elements, whereas samples S1 and S2 have only four ele-
ments in their i-regions. Figure 3.33(b) shows Arrhenius plots for each DLTFS peak, and the corre-
sponding trap parameters are collected in Table V.  
An exact identification of the observed deep hole traps is not possible on the basis of these meas-
urements. Several deep levels with different thermal activation energies have been observed in 
dilute nitride materials [179-182, 184, 213]. The possibilities for different material orientations are 
high in these quaternary and quinary compounds, and therefore one type of point defect, e.g., va-
cancy,  antisite or  Interstitial, can occur  at different  energies depending on the  surrounding  atom 
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Figure 3.33 (a) DLTS spectra recorded from samples S1, S2, and S3. Inset in upper right corner shows 
normalized DLTFS spectra. (b) Arrhenius evaluations for all labelled traps.  
Table V Trap parameters obtained from Arrhenius evaluation. 
trap NT (cm
-3
) EA (meV) σ (cm
2
) 
T1 2.3×10
14
 350 2.0×10
-17
 
T2 2.3×10
14
 560 5.6×10
-14
 
T3 9.0×10
13
 470 2.4×10
-14
 
T4 8.3×10
13
 570 1.9×10
-14
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Figure 3.34 (a) DLTFS spectra and (b) background doping profile, recorded from as-grown and annealed 
(TANN=750 °C, tANN=900 s) solar cell S2.  
configurations, partly explaining the broad DLTFS spectra. However, the main reason behind 
broad DLTFS spectra and related defects is considered to be nitrogen incorporation and low 
growth temperature related defects. Capture cross sections for trap states are found to be larger 
for samples with Sb. Also, the thermal activation energy for the main trap located at T≈230 K is 
smaller for S1. Incorporation of Sb clearly influences the trap energies as well as capture cross 
sections. A significant difference in trap densities is not observed between the samples: the lowest 
values are recorded from S3, but it in turn also shows the broadest DLTFS spectrum. 
Since the DLTFS spectra are broad and surprisingly similar to those recorded from relaxed InAs 
QDs, it is reasonable to question if the DLTFS signal is originating from dislocations or extended 
defects. The shape of the DLTFS spectra remained the same for all traps when filling pulse dura-
tion was varied. Furthermore, when the DLTFS signal was plotted for each trap state as a function 
of ln(tP), a saturation effect is observed at tP≈100 ms, indicating that not all the observed traps are 
related to extended defect or dislocations [118]. Furthermore, since the DLTFS peak maximum 
does not move when tP is increased, the defects can be labelled as localized rather than band-like. 
Thermal annealing test was done for sample S2, which was annealed on a Si wafer, in an N2 at-
mosphere, and under a GaAs proximity cap at TANN=750 °C for tANN=900 s. The DLTFS spectra 
recorded from as-grown and annealed S2 are presented in Figure 3.34(a). Thermal annealing 
clearly reduces the DLTFS signal at T>120 K. Furthermore, a minor decrease (<10 %) in the back-
ground doping was observed (Figure 3.34 (b)), but based on one experiment one cannot conclude 
if the change is mainly due to annealing or spatial variation. Thermal annealing is indeed expected 
to remove defects and improve the material properties, which is evident also in this case. Thermal 
annealing can also influence the crystal structure. For example, columnar chain-like nitrogen order-
ing is observed in as-grown dilute nitride materials, and thermal annealing is found to change the 
close range ordering of atoms towards an In-N bonding configuration in GaInNAs [79, 214-216]. 
However, since the DLTFS signal is point defect related, one can except that the decreased 
DLTDS signal is due to a reduction of point defects. More annealing tests with various TANN and tANN 
should be performed to find the optimal annealing conditions for each sample.  
66 
 
Although all the samples showed a broad DLTFS spectrum with a maximum at T≈230 K, clear dif-
ferences in background doping densities and defect parameters were observed depending on the 
material composition. Positive and negative effects were observed for Sb incorporation: reduction 
of NS is clearly beneficial, but increased trap capture cross section is unfavorable. The fabrication 
parameters, such as TGR and material fluxes, should be optimized for each material separately in 
order to make a justified comparison regarding which of the materials would be the most suitable 
for solar cell applications. Also the optimal thermal annealing parameters may differ between the 
samples, but in general thermal annealing can significantly influence the defect densities and more 
importantly, directly to the solar cell power generation. 
The influence of material fluxes on defect formation [P8] 
Several fabrication parameters influence dilute nitride material quality considerably. Changes in TGR, 
plasma parameters, or material fluxes are known to influence the material structural, optical and 
electrical properties [29, 217, 218]. One critical parameter is the ratio between the material fluxes 
of group V and group III elements [219]. Therefore, the influence of the BEP ratio between As and 
group III elements on a 1 eV band gap GaInNAs solar cell was investigated. The schematic sample 
structure is similar to that presented in Figure 3.31. The sample structure as well as fabrication 
parameters are identical to those for sample S1 in the previous section, the only difference being 
the varied As/III BEP ratio during the fabrication of the GaInNAs layer. Three samples labelled S4, 
S5, and S6 were fabricated with As/III BEP ratios of 6, 7, and 9, respectively.   
Figure 3.35(a) and (b) shows the measured CV characteristics and calculated NS profiles, respec-
tively. A clear dependence on As/III BEP ratio and NS is observed: by decreasing the As/III BEP 
ratio from 9 to 7 and furthermore to 6 results in NS values of 8.3×10
16 cm-3, 4.6×1016 cm-3, and 
2.2×1016 cm-3, respectively. The background doping was determined to be p-type for all of the 
samples. The leakage current prevented measurement of the CV curves of S4, and S5 up to -20.4 
V, which is the highest reverse bias value the measurement system can provide. Again, interface 
defect related local depletion of the charge carriers is apparently observed, as for S1 in the previ-
ous section. 
The cause of the p-type background doping must be defects. Gallium vacancies (VGa) associated 
with N, resulting in N-VGa complexes are reported to act as acceptors in dilute nitride materials, and 
furthermore N-VGa complexes have lower formation energies compared to VGa [220]. The presence 
of hydrogen further lowers the defect formation energy, resulting in H-N-VGa complexes, which to-
gether with C doping, has been the cause of high p-type background doping in MOCVD grown 
GaInNAs [220]. Interestingly, it was reported that VGa are the dominant acceptors in low temperature. 
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Figure 3.35 (a) Capacitance-voltage characteristics and (b) calculated background doping profiles for in-
vestigated samples. Background doping increases together with arsenic pressure.  
MBE grown GaAs, and that the density of VGa increases with the V/III BEP ratio [221-223]. This 
would agree with another result showing that the formation energy of VGa in GaAs decreases when 
As pressure is increased, and furthermore that VGa density increases when growth temperature 
decreases [224]. Based on the results presented here and previous findings, the cause for the 
measured p-type doping in S1-S6 is suggested to be related to VGa and N-VGa complexes.   
Next, DLTFS spectra were recorded utilizing a helium cryostat. Figure 3.36(a) shows the DLTFS 
spectra in the temperature range of 35-405 K, recorded with the measurement parameters of VR=-3 
V, VP=-1 V, tP=100 ms, and TW=20 ms. Three DLTFS peaks, labelled T5, T6, and T7 are visible. 
Since Ns differ between the samples, the heights of the DLTFS signals cannot be directly com-
pared. Arrhenius evaluation for each peak is presented in [P8]. Table VI shows the corresponding 
trap parameters. T5 parameters could not be evaluated for samples S5 and S6 due to carrier 
freeze-out effects at low temperatures. Furthermore, the error margins for the T6 capture cross 
section were large, and therefore σ could not be evaluated for that trap. Figure 3.36(b) shows 
measured and simulated DLTFS spectra for sample S4. Trap parameters from Table VI were used 
in simulations. The actual DLTFS peaks are much broader than the simulated peaks, indicating 
that the extracted trap values present an average value for each trap population. 
Several studies have revealed deep hole levels in MOCVD or MBE grown GaInNAs materials with 
thermal activation energies ranging from 100 meV to 530 meV [179-182, 184, 213, 225]. For ex-
ample, a similar type of DLTS spectrum has been recorded for p-type MOCVD grown GaInNAs 
with a 1.05 eV band gap, indicating, that the defect formation is an intrinsic feature for this material 
[179]. The common feature in all dilute nitride studies is that a broad DLT(F)S signal is detected 
over a wide temperature range, and that defect formation is concluded to be largely related to N 
incorporation and low growth temperature.  
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Figure 3.36 (a) DLTS spectra recorded from investigated samples. Three different peaks, labelled T5, T6, 
and T7 are observed. (b) Measured and simulated DLTS spectra for S4. 
Table VI NT, EA, and σ for T5, T6, and T7 determined by Arrhenius evaluation of DLTFS data. 
 
Trap NT (cm
-3
) EA (meV) σ (cm
2
) 
T5 
S4: 2.7×10
14
 
S5: not eval. 
S6: not eval. 
100-110 2.0×10
-15
 
T6 
S4: 3.1×10
13
 
S5: 4.9×10
13
 
S6: 9.3×10
13
 
250-360 not eval. 
T7 
S4: 6.4×10
13
 
S5: 1.1×10
14
 
S6: 2.1×10
14
 
450-485 1.1-3.2×10
-15
 
The position of T5 moves towards lower T when the As/III BEP ratio is increased. Since the electric 
field of the pn-junction increases together with background doping density, it could be possible that 
the position of T5 depends on the electric field strength inside the p-n junction. The electric field 
dependence of the hole emission rate from T5 was studied by varying VR  to adjust the electric field 
strength. No shift in the peak position was observed, which suggests that the activation energy of 
T5 is not sensitive to electric field, and apparently EA of T5 depends on the As/III BEP ratio.  
Also PL spectroscopy and dark IV measurements were used to characterize the S4, S5, and S6. 
PL intensity, FWHM and dark saturation current density J0, correlating with Shockley-Read-Hall 
recombination, were measured. Figure 3.37 shows all measured parameters as a function of As/III 
BEP ratio. Interestingly PL intensity, J0, NS, T6 density NT6, and T7 density NT7 show a linear de-
pendence on the As/III BEP ratio. PL intensity decreased while all other parameters increased lin-
early with increasing As/III BEP ratio. Also the FWHM value increases, but not linearly. All the 
measured parameters indicate that the defect density increases (even linearly) together with the 
As/III BEP ratio over the investigated range. The data show that by changing the relative material 
fluxes one can directly influence several critical material parameters, which again has a direct in-
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fluence on solar cell performance. Since the best results are obtained from the sample grown with 
the lowest As/III BEP ratio, an even lower ratio was tested. However, lowering the As/III BEP ratio 
to 5 resulted in appreciable degradation of crystal quality. In terms of the As/III BEP ratio, the high-
est quality GaInNAs is achieved under conditions where a high enough but not too high As flux is 
applied. This condition can be assumed to be near the stoichiometric limit for As deposition for 
GaInNAs fabrication under the used conditions.  
The nature of the detected defects was investigated by isothermal DLTFS measurements where tP 
was varied when the DLTFS signal was measured for each DLTFS peak. Figure 3.38 shows 
DLTFS signal plotted against ln(tP). While the T6 and T7 related DLTFS signals saturate at tP <100 
ms, the T5 related signal shows no sign of saturation even when tP=10 s is applied. Therefore, it 
can be concluded that T6 and T7 originate from point defects, whereas T5 is related to dislocations 
or extended defects. Since the material is lattice-matched, T5 is most likely due to extended de-
fects. The shape of the DLTFS spectrum does not change when tP is varied, indicating that T5 re-
lated traps are localized rather than band-like.  
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Figure 3.37 (a) PL intensity, (b) PL FWHM, (c) J0, (d) NS, (e) NT6, and (f) NT7 as a function of V/III BEP ratio. 
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Figure 3.38 Isothermal measurements for sample F (a) T5, (b) T6, and (c) T7, when tP is varied. An almost 
linear increase is measured for T5 whereas saturation at tP<100 ms occurs for T6 and T7. 
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The presented DLTFS measurements probe only majority carriers. A positive filling pulse is re-
quired to inject also minority carriers into the depletion region. DLTFS spectra were recorded also 
at different positive filling pulse voltages, and the data are shown in [P8]. The negative signal is 
related to electron (minority carrier) emission to the conduction band. The minority carrier signal 
increases when higher positive voltages are applied, because more current and therefore more 
electrons flow through the junction and are trapped at defect states. Unfortunately, an evaluation 
for minority carrier traps is not possible because of the overlapping majority carrier signal. The ma-
jority carrier signal is itself also influenced by the positive filling pulse, and therefore the measured 
data cannot be separated into majority and minority carrier spectra. The most clear difference be-
tween the samples is seen at T<150 K, where the negative DLTFS spectra increase with As/III 
BEP ratio Apparently higher BEP ratios are responsible for the introduction of shallower traps in 
particular to the material.  
A considerable influence on defect formation is observed when the As/III BEP ratio is varied. Even 
small changes in material fluxes cause significant changes in defect densities and background 
doping levels. The linear dependence between As/III BEP and various defect-related parameters 
shows how extra As atoms are directly responsible for defect formation. Since the measured defect 
population appears to be the same for all the samples and only the amount of defects changes, 
this opens an opportunity to investigate how the density of these defects influences solar cell oper-
ation.  
The influence of defects on dilute nitride solar cell performance [P7, P8] 
Since the As/III BEP ratio has a clear and even linear dependence on defect formation, it should 
influence also solar cell performance. Therefore, a solar cell process was devised for S4, S5, and 
S6. After deposition of Ni/As and Ti/Au top and bottom contacts and selective contact GaAs etch-
ing, a TiO2/SiO2 antireflection coating was fabricated by e-beam evaporation. The processed 4×4 
mm2 solar cells’ LIV were measured under AM1.5G simulation and the data is presented in Figure 
3.39(a). A clear increase in solar cell current density (J) and voltage is observed together with de-
creasing As/III BEP ratio. EQE measurements, presented in Figure 3.39(b), show the same effect: 
the highest (lowest) EQE at the wavelength scale of λ=800–1350 nm is recorded from S4 (S6) 
grown with the lowest (highest) As/III BEP ratio. QE data shows that the absorption edge moves 
slightly to shorter λ when moving from S4 to S6. This indicates that S4 has the smallest EG, alt-
hough the differences are not significant. When the As/III BEP ratio is increased, the competition 
between group V elements As and N limits the N incorporation which is seen as increased EG. This 
phenomenon is observed also in dilute nitride QW structures [226-228]. 
 
71 
 
0 100 200 300 400
0
5
10
15
20
25
30
35
800 900 1000 1100 1200 1300 1400
0
20
40
60
80
100
 S4
 S5
 S6
 
J
 (
m
A
/c
m
2
)
Voltage (mV)
(a) (b)
 S4
 S5
 S6
 E
Q
E
 (nm)
 
Figure 3.39 (a) Current-voltage characteristics, and (b) EQE of the investigated samples. Short circuit cur-
rent density (JSC), VOC, and EQE increases with decreasing As/III BEP ratio. 
Figure 3.40(a) shows JSC, calculated from the EQE data using a standard AM1.5D spectrum [38], 
as a function of As/III BEP ratio. JSC increases linearly with decreasing As/III BEP ratio, showing the 
highest value of 13.7 mA/cm2 for S4. When looking at the diode equation (2-18), and Figure 
3.37(c) showing linear behavior for J0, one can conclude that the increased current generation is 
due to decreased defect density and a related decrease in J0. Also VOC increases together with de-
creased BEP ratio, as presented in Figure 3.40(b), which can be explained by improved material 
quality, and reduced nonradiative recombination. Table VII shows JSC values calculated from the 
EQE data for AM0, AM1.5G, and AM1.5D conditions [38]. Also the target JSC, showing the required 
current generation for a state-of-the-art GaInP/GaAs solar cell [42], is presented for all three spec-
tral conditions. S4, grown with a As/III BEP ratio of 6, satisfies the current matching requirements 
under AM0 and AM1.5G conditions and is only ~0.1 mA/cm2 behind under AM1.5D conditions. The 
results show again how relatively small changes in fabrication parameters and consequent defect 
densities influence solar cell performance dramatically, and define whether the material can or 
cannot improve the efficiency of a multijunction solar cell. 
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Figure 3.40 (a) JSC calculated from the EQE data using standard AM1.5D spectrum, and (b) VOC as a func-
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Figure 3.41 LIV data recorded from as-grown and annealed (TANN=750 °C, tANN=900 s) solar cells based on 
sample B. 
Table VII JSC values calculated from the EQE data using standard AM0, AM1.5G, and AM1.5D spectra. Also 
the target JSC value, referring to current matching condition of a state-of-the-art GaInP/GaAs solar cell are 
shown 
Sample 
JSC AM0 
(mA/cm
2
) 
JSC AM1.5G 
(mA/cm
2
) 
JSC AM1.5D 
(mA/cm
2
) 
S4 17.9 14.5 13.7 
S5 15.7 12.7 12.0 
S6 10.9 8.8 8.3 
Target 17.8 14.5 13.8 
 
There are also parameters other than the As/III BEP ratio which can have a huge impact on dilute 
nitride solar cell performance. As shown in Figure 3.34, thermal annealing can reduce the defect 
density significantly. The influence of thermal annealing on solar cell performance was tested on 
S2. Figure 3.41 shows EQE and LIV data from as-grown and annealed (TANN=750 C, tANN=900 s) 
samples. The annealing procedure was identical to that for the DLTS sample, presented in Figure 
3.34. Thermal annealing causes a significant increase in solar cell current and voltage: ISC im-
proves by 10 % and VOC by 48 % due to annealing. This result underlines the importance of ther-
mal annealing in dilute nitride based devices. Furthermore, annealing induced BS is visible in EQE. 
This is caused by the changes in nearest neighbor environment, observed in various dilute nitride 
material systems, improved homogeneity of the alloy as observed in various N containing com-
pounds including GaNAs [229, 230], GaNAsSb [231, 232], GaInNAs [233, 234], and InSbN [235].  
Overall, fabrication parameters such as As/III BEP ratio or thermal annealing can influence dilute 
nitride solar cell performance significantly. Although it is typical or even unavoidable that dilute ni-
tride materials contain defects, by optimizing fabrication parameters it is possible to reduce the 
defect densities and improve the material quality to the level needed for high-efficiency multijunc-
tion solar cells. 
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Dilute nitrides in multijunction architecture 
Dilute nitride sub-junctions were integrated in GaInP/GaAs/GaInNAs multijunction devices. By 
careful adjustment of the growth temperature, V/As BEP ratio, thermal annealing, N2 plasma pa-
rameters, material compositions, and many other fabrication parameters, 3-junction solar cell with 
1 eV band-gap lattice matched GaInNAs and GaInNAsSb sub-junctions were fabricated. Figure 
3.42 shows exemplary EQE for the 1 eV sub-junctions. GaInNAsSb junction shows clearly higher 
performance, mainly due to lower background doping. Figure 3.43 shows EQE for entire 
GaInP/GaAs/GaInNAsSb solar cells. The average EQE is close to 90% at wide spectral range. 
Figure 3.44 shows LIV for GaInP/GaAs/GaInNAs and GaInP/GaAs/GaInNAsSb solar cells, meas-
ured under AM1.5 real sun conditions. One sun efficiency increases from 22 % to 31 % when Sb-
containing dilute nitride bottom junction is used. GaInNAs junction limits the current generation, 
resulting in lower conversion efficiency, whereas GaInNAsSb can meet the current matching re-
quirements. For this reason, the FF increases also from 80% to 90% when Sb is used.  
 
Figure 3.42 EQE data measured from the 3-junction solar cells bottom junction consisting of dilute nitride 
material. 
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Figure 3.43 EQE measured from GaInP/GaAs/GaInNAsSb 3-junction solar cell. 
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Figure 3.44 LIV characteristics of 3-junction solar cells with dilute nitride bottom junctions. 
 
Efficiency increases to 37–39% when 70× light concentration is used [236-239]. The efficiency 
comes along with the logarithmic increase of photovoltage, as described in equation (2-19). Fur-
thermore, higher efficiencies can be expected when higher concentrations will be used. Although 
the GaInNAs sub-junction did not meet the current matching requirements, very promising results 
and high efficiencies are obtained from GaInP/GaAs/GaInNAs space solar cells, fabricated with 
combined MBE-MOCVD technique, where dilute nitride is providing higher current than GaAs or 
GaInP junction at AM0 conditions [240]. 
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4 Conclusions 
 
The key findings in this thesis are related to the properties of semiconductor materials and 
nanostructures in the view of photovoltaic applications. The results reveal some of the most intri-
guing relations between the growth parameters and post growth treatments, on one hand, and ma-
terial quality and the photovoltaic performance, on the other hand. The phenomena observed can 
be explained via modifications in lattice or surface structure. Furthermore, the optical, electrical and 
structural changes have an influence on photovoltaic performance in solar cell devices. The most 
important research questions answered by the thesis are summarized below. 
NH4OH and (NH4)2S surface treatment of GaAs/GaInNAs/GaAs QW sample prior thermal anneal-
ing and SiO2 capping was found to have influence on PL emission intensity as well as annealing 
induced BS. The XRD scans showed that the In out diffusion can be suppressed by proper surface 
treatment. XPS results showed that chemical treatments modified the GaAs surface oxides, which 
was linked with improved PL emission and reduced BS. The results shows how simple surface 
treatment, modifying only topmost monolayer of the crystal, can have large influence on the an-
nealing behavior of III-V heterostructures, including solar cell devices. [P1] 
AlInP window layer of GaInP solar cell was treated with (NH4)2S solution. As a results, increase in 
solar cell PL emission and current generation and EQE was observed. Suppressed reflectivity of 
the solar cell explained the increase in current generation and EQE. The reason behind reflection 
suppression was revealed by AFM measurements: (NH4)2S solution treatment modified AlInP sur-
face creating nanostructured texture providing a graded refractive index from air to semiconductor 
material. Passivation of AlInP surface by S is also one possible explanation for increased solar cell 
current generation: XPS measurements showed a clear decrease in surface oxides and increase in 
S-related signal after treatment. These results are particularly interesting from the space solar cell 
point of view, since the treatment improved the current generation in the UV part which is more 
pronounced in space. 
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Strain relaxation induced defects were observed in InAs/GaAs quantum dot nanostructures when 
the amount of deposited InAs exceeded the critical thickness of plastic relaxation. Indications from 
dislocations, extended defect as well as point defects acting as an electron and hole traps were 
observed by DLTFS. The defects were locating in or near the InAs QD layer. When flushing step 
was introduced, the defect-related DLTFS spectra disappeared. Also the charge depletion to the 
defect states was not anymore present in CV measurements. Flushing also shifted the PL peak to 
higher energies, due to decrease in QD size. Cycled growth was found to improve the QD PL 
emission and decrease the amount of strain-relaxation induced defects. Flushing technique, com-
bined with the cycled material deposition, was found to be the best alternative for formation of de-
fect-free QDs with high PL emission. [P2, P3] 
Type-II band gap GaSb/GaAs QDs structural and optical properties was influenced by changing 
the V/III BEP ratio. When ratio of 3 was used, all the QDs followed SK growth mode. When ratio 
was increased to 6, some of the QDs started to follow IMF growth mode, and PL emission energy 
shifted to the lower energy. Thermal annealing influenced on the PL intensity, reduced the PL 
peaks FWHM, and caused BS to the PL emission. Shift in PL emission, caused by the material 
diffusion between the QD layer and surrounding GaAs, was found to be independent of V/III BEP 
ratio. GaAs p-i-n solar cells with embedded GaSb QDs grown with V/III BEP ratio of 3.2 showed 
decrease in photovoltage generation, compared to reference solar cell without QDs. However, de-
crease in photovoltage was smaller compared to several earlier reports. Spectral response meas-
urements sowed WL and QD -related photocurrent generation, and it got more pronounced when 
the amount of QD layers was increased. Spectral response did not show big changes after thermal 
annealing. Specified setup should be applied to measure intermediate band properties of the QDs. 
[P4] 
Operation of QW solar cell incorporating also QDs was demonstrated by applying GaNAs and 
GaInNAs dilute nitride layers below and on top of InAs QD layers for strain compensation and me-
diation, respectively. Tensile strained GaNAs and compressively strained GaInNAs layers were 
also found to shift the InAs QD layers PL emission as well as spectral response to longer wave-
length, mainly due to changes in confining potential. Also direct absorption to the dilute nitride lay-
ers, and resulting spectral response, was observed. GaNAs and GaInNAs layers were found to 
provide steps for electrons and holes, respectively, to thermally exit from the QD layers. Current 
generation became less temperature dependent due to improved thermionic emission from the QD 
layer and direct absorption to the dilute nitride layers. Although dilute nitride related defects in-
creased the nonradiative recombination, the use of such structures in combination with QDs was 
demonstrated to improve the thermionic emission and shift the absorption edge to longer wave-
lengths, both of which being important features in QW solar cells to be integrated in multijunction 
architecture. [P5] 
Strain-free stacked GaAs/AlGaAs QDs, grown by refiling of self-organized nanoholes, showed PL 
emission related to spontaneous emission between ground state and three excited QD states. High 
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crystal quality and temperature stability of the material was confirmed by thermal annealing at high 
temperatures. Only small BS and increase in FWHM values was observed even at very high tem-
perature annealing, which is opposite compared to droplet epitaxy grown GaAs QDs. The PL 
emission energy of the QDs ground state was found to follow empirical Varshni relation at tem-
peratures higher than ~100 K. At lower temperatures, at least exciton binding effects reduces the 
shift to higher energy. Overall, the results imply that high-quality strain-free GaAs QDs could be 
used in connection with an AlGaAs solar cell, to extend the absorption edge and even provide in-
termediate band operation. [P6] 
A broad DLTFS spectrum was recorded from three types of dilute nitride solar cells, consisting of 1 
eV band gap lattice matched GaInNAs, GaNAsSb, and GaInNAsSb. Observed defects behaved as 
localized point defects in DLTFS measurements. CV measurements revealed that Sb reduces the 
unwanted p-type background doping about order of magnitude in lattice-matched bulk dilute nitride 
solar cells. However, at the same time, dominating deep levels capture cross section increased 
three orders of magnitude. Background doping was related to the formation of VGa and N-VGa com-
plexes. Thermal annealing reduced the deep trap density in GaNAsSb, and subsequently in-
creased the photocurrent and photovoltage generation. The observed deep trap was concluded to 
act as an effective recombination center in GaNAsSb. Background doping density was not found to 
change significantly during annealing. V/III BEP ratio, applied during fabrication of 1 eV band gap 
GaInNAs solar cells, was found to influence to the background doping density, defect density, dark 
saturation current, and PL emission of GaInNAs. Subsequently the solar cell performance in-
creased when V/III BEP ratio was decreased from 9 to 6. Current generation requirement for inte-
gration with state-of-the-art GaInP/GaAs solar cell was achieved with the lowest V/III BEP ratio. 
Based on the material development on dilute nitrides, multijunction GaInP/GaAs/GaInNAsSb solar 
cell with conversion efficiency of 37–39% (70 sun concentration) was demonstrated, and higher 
efficiency is expected at higher concentrations. Successful integration of dilute nitrides into 4- or 5-
junction solar cells would increase the conversion efficiency to even above 50 %, and at the same 
time reduce the cost of CPV systems appreciably. The same applies to space solar cells, where 
improved efficiency means reduced weight of the solar panels, which is a critical factor when mate-
rial is launched into orbit. [P7, P8] 
The connecting factor between the different materials structures investigated in this thesis is that 
by understanding the defect physics and relation to fabrication processes, enhanced conversion 
efficiency in novel solar cells can be obtained. For example, small changes in fabrication parame-
ters or post growth treatments can change material quality considerably. Thermal annealing was 
applied also in many parts of this thesis. Thermal energy can, for example, induce diffusion, 
change the close range ordering of atoms, create or remove point defects at interfaces, and desorb 
atoms from the material surface. 
The results and information provided by this thesis will be used as fundamental knowledge in the 
development of new solar cell devices. The next challenge is to investigate the use of nanostruc-
78 
 
tures for increasing directly solar cell efficiency. Furthermore, the optimization of dilute nitrides as 
well as high band gap materials for next generation 3-, 4- and 5-junction solar cells with well over 
45% conversion efficiencies is ongoing. 
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We report the influence of NH42S and NH4OH surface treatments prior to SiO2 capping and
subsequent rapid thermal annealing, on optical properties of GaInAsN/GaAs quantum-well QW
structures. We observed an increase in QW photoluminescence PL emission for the NH42S
treated samples as compared to the untreated sample. After annealing, also the NH4OH treated
sample showed significant improvement in PL. The treatments were also found to decrease the In
out-diffusion and reduce the blueshift upon annealing. The PL results are discussed with x-ray
diffraction and x-ray photoemission data from SiO2 /GaAs, in particular, with changes found in
Ga 3d spectra. © 2010 American Institute of Physics. doi:10.1063/1.3487784
Silicon dioxide SiO2 layers are routinely deposited
onto III-V semiconductors for device fabrication. They are
used for surface protection during device processing and
annealing,1 for electrical insulation in laser applications,1 in
antireflection coatings and distributed Bragg reflectors,2 and
in metal-insulator-semiconductor MIS transistors.3–5 Vari-
ous surface treatments and passivations of III-V semiconduc-
tors have been studied to improve the interface quality of
MIS and other transistor structures,6–21 since the formation
of the III-V oxides at the interfaces causes harmful defects
in MIS devices.12,16–21 For example, ammonium sulfide
NH42S and ammonium hydroxide NH4OH treatments
remove intrinsic surface oxides of GaAs. However, there are
indications that some form of Ga oxides improves the MIS
interface.21,22 Nevertheless, it has remained unclear how the
surface treatments prior to SiO2 capping affect light-emitting
devices, in which quantum wells QWs locate well below
the SiO2/III-V semiconductor interface. Also, the effects of
rapid thermal annealing RTA in pre-treated samples have
been unclear. The RTA is often used to improve the crystal
quality of device materials and is an important step in device
fabrication.
In this paper we report that the NH42S and NH4OH
surface treatments, prior to the SiO2 capping and subsequent
RTA, significantly affect to photoluminescence PL emis-
sion from the GaInAsN/GaAs QW structures. In particular,
the treated samples exhibit less blueshift BS of the PL spec-
tra upon the RTA. Reduced BS can be attributed to a reduced
indium out-diffusion from the QWs, as supported by our
x-ray diffraction XRD measurements. Furthermore, x-ray
photoelectron spectroscopy XPS measurements are used to
monitor the oxides at the SiO2 /GaAs interface. The PL find-
ings are discussed in connection with the XPS and XRD
data.
The investigated sample was grown by a molecular
beam epitaxy system equipped with a radio-frequency nitro-
gen plasma source. After deposition of a 100 nm thick GaAs
buffer layer on the n-type GaAs 100 substrate at the sub-
strate temperature Tsub of 580 °C, the temperature was de-
creased to Tsub=480 °C. The active structure was comprised
of two 6 nm thick Ga0.62In0.38As0.985N0.015 /GaAs QWs
separated by a 20 nm GaAs barrier. After the QW growth, a
100 nm GaAs layer was grown on the top at Tsub=580 °C.
The as-grown sample emitted PL at =1260 nm. The
sample was cleaved into 44 mm2 pieces which were
treated in 20% NH42S or 30% NH4OH solutions for 10 s, 2
min, or 30 min samples S1, S2, S3, OH1, OH2, and OH3,
respectively. One sample was left untreated. After the
chemical surface treatments, the samples were rinsed in the
deionized water, blown dry with nitrogen, and capped with a
120 nm thick SiO2 layer by means of a plasma-enhanced
chemical vapor deposition. The samples were simultaneously
annealed at Tann=750 °C. The PL emission was measured
after each annealing at 20 °C with an Nd:YAG laser 
=532 nm and an InGaAs detector array. XRD rocking
curves in -2 geometry were recorded by using a double-
crystal x-ray diffractometer Cu K radiation. Three sepa-
rate samples were studied by XPS: untreated, 30 min
NH42S treated, and 30 min NH4OH treated, all with 2 nm
thick SiO2 capping layers. Mg K radiation was used for the
XPS measurements before and after 20 min in situ annealing
at 600 °C in the XPS chamber.
Figures 1a and 1b show the PL intensities of the
samples S1–S3 and OH1–OH3 during the RTA, respectively.
Figure 1a shows that the PL intensities of the unannealed
samples S1–S3 increase with respect to the reference sample.
Annealing further increases the PL intensity in sample S1.
The maximum is reached at tann20 s. However, a decreas-
ing trend in the PL intensity is observed with the samples
S1–S3 for long annealing times. Figure 1b shows that the
PL intensities of the unannealed samples OH1–OH3 are not
as much increased as in the case of the samples S1–S3. How-
ever, it is interesting to observe that annealing drastically
increases the PL intensity from the sample OH3, and an in-
creasing trend in the PL intensity is observed with all
NH4OH treated samples for long annealing times. FiguresaElectronic mail: ville.polojarvi@tut.fi.
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1c and 1d show the BS of the PL spectra versus the RTA
time. The BS for the samples S1 and S2 is clearly suppressed
during the RTA when compared to the BS for the untreated
sample if tann500 s. In sample S3, the BS is significantly
reduced for all annealing times. In samples OH1–OH3 the
BS is less pronounced at all annealing times. Interestingly,
out of all samples studied, the smallest BS is observed for
the samples with the longest treatment times.
The PL results are discussed below in connection with
XPS data. XPS survey spectra showed that no significant
charging took place in our samples since the binding energies
and widths of Si 2p reference peaks were normal and did
not vary between the different samples. The Ga 3d spectra
were fitted using the previously reported energy shifts for Ga
oxides,21,23 which are 0.60.05 eV and 1.20.05 eV for
the GaOX and GaOY respectively. For the GaOZ, the shift was
allowed to vary between 1.6 and 2.0 eV. GaOX, GaOY, and
GaOZ have been previously related to Ga2O, Ga2O3, and
GaAsO3O3, respectively. The minimum number of compo-
nents was introduced in the fittings,24 and the doublet com-
ponent was modeled by a single peak because of limited
resolution of the nonmonochromatic radiation used. Figure 2
suggests that the GaOZ does not have a significant role in the
PL behavior, since it is visible only in the nontreated sample
and annealed NH4OH treated sample. In contrast, we suggest
that the presence of GaOY decreases PL intensity since its
XPS intensity is higher for the nontreated and NH4OH
samples than for the NH42S sample. Furthermore, the
GaOX is suggested to improve the PL since this peak clearly
increases after the heating when the PL intensity of the
NH4OH sample also enhances. These results are in agree-
ment with previous reports,21,22,25 according to which one
form of a Ga oxide degrades the interface with respect to the
PL properties, while another form of a Ga oxide can be use-
ful for the interface quality. In contrast, it is not easy to link
the arsenic XPS results not shown to the PL measurements.
Before heating the XPS spectra from the untreated sample
show clear photoemission from As oxides, while the NH4OH
and NH42S treated samples do not reveal As oxides. After
heating, the amount of As oxides decreases in the nontreated
sample.
XPS spectra in Fig. 2c show that the NH42S treated
sample contains sulfur. Analysis of the S 2p emission is
complicated by the Ga 3s and Ga Auger emissions around
the S 2p energy range. Therefore, we have subtracted the
nontreated sample emission from the S 2p spectra of the
NH42S sample. The same subtraction procedure for the
NH4OH sample spectrum shows no S 2p like emission. Sul-
fur is known to passivate the III-V semiconductor surface,6–8
which is known to increase dramatically the PL intensity.26
This explains the increase in PL intensity in NH42S treated
samples. Furthermore, Fig. 2c shows that the S 2p XPS
signal slightly broadens upon heating. This indicates that the
sulfur atoms in the vicinity of the SiO2 /GaAs interface pos-
sess several nonequivalent bonding configurations, possibly
via complex sulfur diffusion processes.27,28 Therefore, sulfur
not only modify the surface states at the SiO2 /GaAs inter-
face, but also through interstitial sulfur atom diffusion to
GaAs,28 they may create nonradiative recombination center
states. This could explain why the PL intensity, in the case of
the NH42S treated samples, starts to decrease toward the
end of the annealing period in Fig. 1a.
The BS of GaInAsN/GaAs QWs is commonly attributed
to two distinct phenomena,29,30 namely, i indium out-
diffusion from the QWs and ii short-range ordering of the
nearest-neighbor Ga and In atoms around the N atoms, i.e.,
the Ga4−mInm−N atomic configurations with m=0, 1, 2, 3,
and 4, toward the In segregation configuration m=4. The
XRD 004 rocking curves for the NH42S treated samples
in Fig. 3a show that after the annealing time tann=1420 s,
the QW derived Pendellosung fringes peak move closer to
the GaAs peak when the treatment time is decreased. This
change in the XRD pattern can be linked to a reduction in the
lattice strain due to In out-diffusion from the QWs,31–33
which is the dominating BS mechanism in our samples. The
In diffusion is mainly induced by Ga vacancies and other
point defects initially being created at the SiO2 /GaAs
interface.34,35 We suggest that the sulfur atoms passivate
these vacancies, which would otherwise act as diffusion
channels for In. In contrast, the XRD 004 rocking curves in
Fig. 3b show that all the NH4OH treated samples tann
=1420 s experience only minor strain relaxation. Further-
more, the NH4OH treatment suppresses In out-diffusion and
the consequent BS of the PL spectra more effectively than
the NH42S treatment does. We suggest tentatively that the
FIG. 1. Color online PL peak intensity and BS vs annealing time at Tann
=750 °C for samples treated with NH42S a and c, and NH4OH b and
d. The behavior of an untreated sample is shown for comparison.
FIG. 2. Fittings of Ga 3d spectra measured by XPS a before and b after
heating 20 min at 600 °C for untreated, NH4OH treated, and NH42S
treated samples. Binding energy scale is relative to the GaAs bulk compo-
nents. c S 2p photoemission spectra for NH42S treated sample before
and after heating.
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formed GaOX bonding configurations at the SiO2 /GaAs in-
terface layer impedes Ga diffusion into SiO2 and Ga vacancy
diffusion into the GaAs, therefore, leading to suppression of
In out-diffusion.
In conclusion, we have performed chemical surface
treatments on GaInAsN/GaAs QW structures prior to SiO2
capping and demonstrated that NH42S and NH4OH treat-
ments followed by RTA leads to improvement of the QW PL
emission. The gallium vacancy-assisted indium out-diffusion
from the QWs and the consequent BS of the PL spectra were
also suppressed due to these surface treatments. We suggest
that certain specific form of Ga oxides and the presence of
sulfur atoms at the SiO2 /GaAs interface play an important
role in modifying the optical properties of dilute nitride ma-
terials.
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a b s t r a c t
Self-assembled InAs quantum dots (QDs) have been incorporated into GaAs Schottky diodes. We
intentionally introduce defects by growing the QDs above the critical thickness for plastic relaxation.
The strain-relaxed QDs introduce electrically active defects in n- as well as p-type diodes. We identify
dislocation induced defects and point defects, and can show that in n-type GaAs the EL6 defect plays a
major role in the relaxation of QDs. Furthermore, we compare the introduction of defects in strain
relaxed QDs grown by looped and non-looped deposition and depending on an in-situ annealing step.
We observe that looped deposited QDs exhibit a better quality compared to non-looped QDs even if
they are grown beyond the critical thickness for plastic relaxation. An introduction of an annealing step
after the growth of the QDs completely removes the defects in both QD system.
& 2009 Published by Elsevier B.V.
1. Introduction
Strained self-assembled InAs/GaAs quantum dots (QDs) are
fascinating nano-objects that exhibit intriguing electronic and
optical properties [1]. These can be tailored by growth parameters
during the molecular beam epitaxy (MBE) process or post growth
treatments. The formation of coherently strained QDs, essential for
device applications, takes place only in a small window of growth
parameters, e.g., the amount of InAs deposited is restricted to
1:7oyo2:5 monolayers (ML) [2,3], with y the nominal coverage
of InAs. Growth beyond the optimal parameters yields plastically
relaxed QD structures that have dislocations and may include
electrically active defects which degrade device performance.
Here we study Schottky diodes that have intentionally incorpo-
rated relaxed QDs by means of deep level transient spectroscopy
(DLTS) and capacitance voltage spectroscopy (CV). The relaxed QDs
introduce electron as well as hole trap levels. Concentrating on the
electron trap levels we identify the nature of defects and discuss a
case in which the QD growth conditions are changed.
2. Experimental procedures
The samples were grown in a solid-source MBE growth system on
n- and p-type GaAs(100) substrates. In all samples the InAs quantum
dots were grown with a growth rate of F ¼ 0:06monolayer ðMLÞ=s.
One set of n-type samples were grownwith different amount of InAs,
i. e., 1, 2, and 3ML at T ¼ 505 3C. For comparison a p-type Schottky
diodewere grownwith 3ML QDs. In these aforementioned samples a
second QD layer were grown for atomic force microscopy (AFM) on
top of the GaAs with same growth parameters as for the embedded
ones. AFM measurements reveal no QDs on the 1ML sample,
coherently strained QDs on the 2ML sample, and coherently strained
and additionally coalesced, plastically relaxed QDs on both 3ML
samples. A second set of four n-type samples were grown at
T ¼ 485 3C with 3ML QDs deposited either via a looped growth
process (1s indium shutter open and 2s indium shutter closed) or
continuously deposited. In two samples of this set a growth
interruption of 10min at the growth temperature of GaAs of
T ¼ 580 3C were introduced after capping the samples with 4nm of
GaAs. The other samples did not have a growth interruption.
Schottky diodes were fabricated by evaporating chromium and
aluminum gates on the n-GaAs and p-GaAs, respectively. The back
contact was provided by alloying indium and indium/zinc into the
highly doped n- and p-substrates, respectively. The doping level of
the Schottky diodes ranges from 21015 to 21015 cm3. DLTS
measurements were performed using nitrogen ﬂow cryostat with
variable temperature and a Phystech DLTS spectrometer setup with a
Boonton capacitance meter. For the evaluation of emission rates a
Fourier analysis were employed [4].
3. Results and discussions
Fig. 1 shows DLTS spectra of n-type Schottky diodes with
embedded 1, 2, and 3ML quantum-dot structures. Whereas no
defects are observed in the 1 and 2ML samples, broad DLTS
signals with shoulders can be observed in the 3ML samples in the
entire temperature range of 80–400K with a maximum at
T  250K. Furthermore, we present DLTS spectra of a p-type
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Schottky diode with 3ML QDs showing also broad DLTS signals in
the entire temperature range with maximum at T  205 and
330K. The presence of strain-relaxed QDs grown beyond the
critical thickness for coalescence introduces electrically active
electron and hole trap levels. Isothermal DLTS scans (not shown
here) at the maxima and shoulders in the DLTS spectra in both
3ML samples, i.e. changing the applied reverse bias and leaving
the pulse bias constantly, reveal a strong localization of the
defects in close vicinity of the QD layer.
In the following we will concentrate on the n-type Schottky
diodes for a more quantitative picture. We used Gaussian peaks
shown in Fig. 2(a) in order to ﬁt the broad DLTS spectra. Three
Gaussians give satisfying results. Using different rate ﬁlter, i.e., in our
case shorten the time window Tw shows the typical temperature-
dependent shift of the spectra. The Arrhenius analysis for T1, T2, and
T3 yield activation energies and capture cross sections of 349, 500,
and 664meV, and 9:6 1015, 1:0 1014, and 1:0 1014 cm2,
respectively.
In order to resolve the nature of these defects, point-defect like
or dislocation induced, isothermal DLTS measurements are
performed changing the pulse duration sown in Fig. 3. This kind
of measurement is the principle argument to decide whether the
defect is a point defect or arising from dislocations. Dislocations
form defect bands due to closely spaced traps. These bands
exhibit a time-dependent Coulomb barrier when the carriers are
captured, limiting the successive capture of electrons during the
ﬁlling process [5,6]. For the trap T1 we clearly observe a
saturation of the DLTS amplitude at around tp  100ms
suggesting that this defect is a point defect. We assign T1 to the
EL6 defect [7,8]. Trap T2 shows a linear increase in the whole
range of measurements. Interestingly, the slope of the amplitude
versus logðtpÞ changes when the amplitude of T1 saturates. This
fact underlines the importance of the EL6 defect in the strain
relaxation process of self-assembled InAs quantum dots [9]. Due
the not saturating amplitude of T2 with increasing tp, the defect
can be identiﬁed as dislocation-induced [6,9]. The DLTS amplitude
of defect T3 shows a saturation at pulse lengths of about 1 s. We
tentatively assign T3 to the EL2 defect.
In Fig. 4(a)–(i) we present DLTS measurements of
Schottky diodes with embedded 3ML QDs that are grown
either via looped or continuous deposition. In each ﬁgure the
reverse and the pulse bias are varied according to Vp ¼ Vrþ0:5V.
These measurements are enabling us to screen the QD layer.
We observe that the defects of the looped grown QDs starts
to appear at lower reverse bias in comparison with the
continuously deposited 3ML QDs (Fig. 4(b)). We further observe
that the defects in both samples are localized in the QD
layer. Nevertheless, the looped QD sample shows broader
spectra with respect to the non-looped relaxed QDs. We suggest
that the looped growth enhances the defect formation in the
dislocation due to additional ripening effects and thus, the defects
are more spread around the quantum dots. Furthermore,
two similar samples were grown that have an additional
growth interruption of 10min at T ¼ 5803C after capping the
QDs with 4nm GaAs. No defects are observed in the in-situ
annealed samples. Growth interruptions can be used to eliminate
the defects.
The effect of the introduced defects on the carrier conﬁnement
in the apparent doping proﬁles are presented in Fig. 4(j). The
annealed samples with the growth interruption show a distinct
carrier accumulation in the QDs at a depth of about 480nm
Fig. 1. DLTS spectra of n-Schottky diodes with 1, 2, and 3ML InAs QDs and a p-
type Schottky diode with 3ML QDs. The reverse and the pulse bias are Vr ¼  2:0V
and Vp ¼ 0:0V for the n-type samples and Vr ¼ 2:5 and Vp ¼ 0:0V for the p sample.
The pulse duration, the time window, and the emission time are tp ¼ 10ms,
Tw ¼ 100ms, and t¼ 44ms, respectively.
Fig. 2. (a) DLTS spectra of a Schottky diode with 3ML QDs for different time
windows Tw as indicated in the ﬁgure. Gaussians are used to ﬁt three defect states
and (b) shows the Arrhenius analysis of the defects.
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accompanied by zones of carrier depletion above and below the
QD plane. Whereas the depleted areas are very similar in both
annealed samples, the carrier peak in the looped QD Schottky
diode is higher compared to the one with continuously grown
QDs, which is attributed to a slightly better quality of the looped
QDs. This can be further corroborated by discussing the samples
without growth interruption. In these samples large depletion can
be observed around the QD layer at  400nm. Whereas the non-
looped, not-annealed sample shows no carrier conﬁnement in
QDs at all, the looped, not annealed sample shows a small carrier
accumulation in the QDs at around 550nm, also accompanied by
small carrier depletion zones. Nevertheless, the defects play also
the major role in the doping proﬁle observed by the strong
depletion of carriers above the QD layer. The strong carrier peak in
the non-looped, non-annealed sample at 620nm is attributed to
additional capacitance contributions of the spatially localized
defects [10].
4. Conclusion
InAs quantum dots were embedded into GaAs Schottky diodes.
We intentionally introduce defects by growing the QDs above the
critical thickness for plastic relaxation. The strain-relaxed QDs
introduce electrically active defects in n- as well as p-diodes. We
identify dislocation induced defects and point defects, and can
show that in n-type GaAs the EL6 defect plays a major role in the
relaxtion of QDs. Furthermore, we compare the introduction of
defects in strain relaxed QDs grown by looped and continuous
deposition and depending on an in-situ annealing step. We
observe that looped deposited QDs exhibit a better quality
compared to non-looped QDs even if the are grown beyond the
critical thickness for plastic relaxation. An introduction of an
annealing step after the growth of the QDs completely removes
the defects in both QD system.
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Abstract
We report the effect of indium flushing on the electrical and optical properties of strain-relaxed
InAs quantum dots (QDs) embedded in GaAs Schottky diodes. The InAs QDs were
intentionally grown beyond the critical thickness to induce plastically relaxed QDs. The
samples were fabricated by molecular beam epitaxy on GaAs(1 0 0) substrates using
continuous and cycled InAs deposition. Deep level transient spectroscopy (DLTS)
experiments show broad dislocation-induced defects in non-flushed samples. We show by
DLTS that indium flushing after QD deposition decreases remarkably the amount of electron
traps in the QD layer and suppresses the defect formation into GaAs capping layer. Using
capacitance–voltage measurements we observed that the flushed samples exhibit a recovery of
electron confinement in the QD states. Furthermore, we used photoluminescence experiments
to analyse the effects of direct versus cycled InAs deposition and indium flushing steps.
(Some figures may appear in colour only in the online journal)
1. Introduction
Self-assembled InAs quantum dots (QDs) obtained by strain-
driven Stranski–Krastanov (SK) growth processes [1] has
been intensively investigated in the last two decades due to
the fascinating possibilities to utilize them in optoelectronics
[2, 3]. Large, homogeneous, defect-free ensembles are
essential for using QDs in applications, such as lasers, solar
cells, semiconductor optical amplifiers, photo detectors or
novel memory devices, which exploit charge hysteresis effects
[4]. To improve the homogeneity of QDs and to modify
the QD properties, several approaches have been carried out,
e.g. strain-compensating layers [5], low growth rates [6], and
cycled InAs deposition [7, 8]. Furthermore, a major point
which is strongly affecting the homogeneity of a QD ensemble
is the occurrence of plastically relaxed QDs in which the strain
relaxation takes place in the form of dislocations within the
QDs. In turn, this leads to the formation of electrically active
defect levels in or nearby the QD layer [9, 10]. Such defects can
affect the properties of optoelectronic devices by increasing
the threshold current densities of lasers and dark currents of
photo-detectors. Defects can, in general, decrease the lifetime
of semiconductor components and devices. For example, in
optoelectronic and QD memory devices, large QD ensembles
grown near the critical thickness for the formation of plastically
relaxed QDs are required to get the highest possible dot density
providing enough gain, optical response or large hysteresis
effects. Stacked layers of QDs with high density and aspect
ratio are also beneficial for the formation of intermediate band
in QD solar cells.
One interesting way to improve the homogeneity of
InAs QDs and tune their properties is the so-called flushing
technique [7, 11, 12]. Flushing of InAs QDs means capping
of the QDs by a few nanometres of GaAs followed by in situ
annealing. Furthermore, this technique can be used to tune
the shape, size, composition and optical properties of InAs
QDs [12, 13]. In addition, flushing is found to make InAs QD
stack more uniform [14], and to remove unwanted InAs clusters
decreasing the threshold current densities in QD lasers [15].
In this paper, we investigate the influence of flushing on
the electrical and optical properties of plastically relaxed InAs
QDs grown with cycled and continuous QD deposition. The
QDs have been grown by depositing 3 monolayers (ML) on
InAs which is beyond the critical thickness of about 2.5 ML for
the formation of relaxed QDs [10]. This results in dislocation-
induced defect states in and near the QD layer. The effect
0022-3727/12/365107+05$33.00 1 © 2012 IOP Publishing Ltd Printed in the UK & the USA
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Table 1. Sample labelling.
Continuous growth Cycled growth
No flushing A1 B1
Flushing A2 B2
of flushing on electrical properties and on electron traps was
investigated by deep level transient spectroscopy (DLTS) and
capacitance–voltage (CV) experiments. Photoluminescence
(PL) measurements were carried out to assess the optical
properties of QDs, and the results are linked to the DLTS and
CV observations.
2. Experimental procedures
The samples were grown by solid-source molecular beam
epitaxy (MBE) on Si- doped n-type GaAs(1 0 0) substrate
with doping concentration of ND = 3 × 1018 cm−3. The
QD layer was embedded between two Si-doped GaAs (ND =
2×1016 cm−3) layers with thicknesses of 600 and 400 nm. The
growth rate was F = 1 µm h−1 and the growth temperature
was Tgr = 605 ◦C. InAs QDs were deposited at Tgr = 485 ◦C,
with a growth rate of F = 0.05 µm h−1 and a coverage of
θ = 3.0 ML. The first set consisted of two samples, where
InAs QDs were deposited continuously (samples A1 and A2).
In the second set, QDs were grown by cycled deposition of
InAs with shutter openings times of topen = 1 s and a delay time
of tdelay = 2 s (samples B1 and B2). After InAs deposition, the
QDs were covered by 4 nm of GaAs and then either exposed
to a high-temperature annealing step of 10 min at T = 605 ◦C
under arsenic flux, before further growth of GaAs (samples
A2 and B2), or without flushing step (samples A1 and B1).
In the latter case the QD structures were overgrown directly
with the GaAs host material. Table 1 summarizes how the
investigated samples are labelled. Schottky contacts were
formed by evaporating 100 nm thick chromium gates with a
diameter of 1 mm. The ohmic back contacts were provided
by alloying indium into the highly doped GaAs substrate.
Schematic image of the sample structure is presented in
figure 1. DLTS and CV measurements were performed in a
nitrogen flow cryostat using a Boonton capacitance bridge, a
lock-in amplifier and Fourier filtering [16]. Room-temperature
PL was measured by an Accent RPM2000 PL-mapper, using
a 785 nm diode laser for excitation and an InGaAs detector
array.
3. Experimental results and discussions
Figure 2 shows the DLTS spectra in a temperature range from
85 to 400 K. One can clearly observe strong DLTS signals
nearly in the whole temperature range in the samples A1
and B1 that were grown without flushing step. The DLTS
signals of these samples are broad and have maxima with
about same height at T ≈ 225 K. Sample A1 has higher DLTS
signal for the all other temperatures investigated. Furthermore,
shoulders located at around T ≈ 325 K are observer in both
samples. In contrast to that, samples A2 and B2, grown with
Figure 1. Schematic picture of the sample structure.
Figure 2. DLTS spectra of samples A1, A2, B2 and B2 with
embedded QDs. The reverse and the pulse bias were Vr = −4.0 V
and Vp = 0.0 V, respectively. The pulse duration, the period and the
emission time were tp = 10 ms, tw = 200 ms and τ = 87 ms.
Samples A2 and B2 with In-flushing step have no signs of defects,
whereas samples A1 and B1 grown without flushing step exhibit a
broad defect band.
the flushing step, show no significant DLTS signals pointing to
the absence of trap levels. This result indicates that the flushing
removes most of the electrically active defects in the QD region
and prevents electrically active defect formation to the GaAs
capping layer. The broad peaks in the DLTS spectra of samples
A1 and B1 have been identified as dislocation-induced traps in
close correspondence to previous publications [9, 10, 17].
The nature of the defects, whether they are point defects or
dislocation-related defects, can be evaluated by measuring the
amplitude of the DLTS signal versus the pulse duration applied
to the Schottky diode. These measurements are exemplarily
shown for sample B1 in figure 3(a). Sample A1 shows similar
behaviour. The measured DLTS signal cannot be saturated
even with very long pulses, i.e. in the range of seconds.
This behaviour is generally associated with dislocation-related
defects [18, 19]. Closely spaced traps in the dislocation-
induced defect band are hardly charged with carriers because
of a time-dependent repulsive Coulomb-like barrier caused by
2
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Figure 3. (a) Isothermal DLTS signals versus the pulse duration for
sample B1 at T = 220 ◦C (b) Isothermal DLTS measurements for
which the reverse bias Vr is varied.
Figure 4. CV spectra of samples with embedded InAs QDs,
measured at room temperature using f = 1 MHz.
a repulsive potential formed at the defect. This is limiting
the successive capture of electrons during the filling process.
Such an effect would not appear in the case of point defects.
Figure 3(b) presents isothermal DLTS measurements of sample
B1, in which the reverse bias is varied at T = 220 K.
This temperature corresponds to the DLTS peak shown in
figure 2. The maximum value of the isothermal DLTS signal
is observed at Vr = −3.8 V. Again, sample A1 shows similar
behaviour. The voltage and position of the depletion region
edge corresponds to the depth of the depletion region in which
the QD layer is positioned. This indicates that the dislocation-
induced defects are in and/or close to the QD region.
Figure 4 shows CV measurements obtained at room
temperature. In the samples A2 and B2 the capacitance
increases below the gate voltage Vg < −3.8 V, according to the
doping level of the Schottky diode. Then shallow capacitance
plateaus are observed at around Vg ≈ −3.0 V, indicating the
electron confinement in the QD layer due to the intrinsic QD
states. At Vg > −2.0 V, the capacitance of samples A2
and B2 increases in a similar fashion following the potential
distribution in the Schottky diode. The capacitance traces of
samples A1 and B1 (without flushing) show a significantly
lower value at Vg = −6.0 V, when compared with the samples
A2 and B2 (with flushing). The slope of the capacitance
increase with higher gate voltages is less pronounced in both
samples. Furthermore, capacitance plateaus are not observed
in samples A1 and B1. At around Vg ≈ −1.0 V the capacitance
of samples A1 and B1 increases and reaches close to similar
values at Vg = 0 V compared with samples A2 and B2. The
CV experiments show that the depletion region edge can be
below the QD region when the voltage is about Vg ≈ −4 V;
this is because at lower voltages the capacitance behaves as
expected for ND = 2 × 1016 cm−3. This is in agreement with
DLTS data shown in figure 3(b), where the maximum DLTS
signal is achieved for Vr = −3.8 V. We can conclude that the
trap levels are generated by the plastically relaxed QDs that
provide deep levels in and nearby the QD layer leading to
trapping of electrons and, thus, modifying the CV curves. To
further analyse the CV data, we have calculated the voltage-
dependent free carrier concentration [20]
ND(V ) = − 2
A2εε0e
(
d(C−2)
dV
)−1
, (1)
where A is the diode area, e is the electron charge, εr is
the dielectric constant of GaAs and ε0 is the permittivity of
vacuum. On the other hand, the capacitance at a certain
voltage is inversely proportional to the width of the depletion
region edge:
C = εε0A
xd
, (2)
where xd is the width (depth) of the depletion region. By
combining these two equations, we calculated the depth profile
of free carriers from the C–V data. The calculated results are
shown in figure 5. It is worth noting that deep levels as well
as confined QD states lie below the GaAs conduction band,
which causes shifts in calculated free carrier profiles. The
deep levels and confined QD states get depleted when depletion
region edge is already below these layers, and charge carrier
peaks are therefore shifted in calculated depth profiles. The
deeper the electron states lie in the GaAs band gap the larger the
shift is. A strong depletion of charge carriers is observed at a
calculated depth of around 450 nm in the non-flushed samples
A1 and B1. This can be explained as being caused by the high
concentration of defects in or nearby the QD layer. Electrons
are trapped in dislocation-induced defect levels and cannot be
released with the signal with a frequency of 1 MHz. The peaks
in the calculated doping profiles of the samples A1 and B1 at
around 630–650 nm correspond to trapped charge at the QD
region due to defect states. Trapped charges are released and
are contributing to the capacitance [21, 22]. In samples A2 and
B2, which show no defects in the DLTS data, carrier peaks are
observed at around 480 nm accompanied by depletion regions
below and above. These peaks are associated with electron
3
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Figure 5. Free carrier profiles of the Schottky diodes calculated
using the CV measurements at room temperature. Charge
accumulation peaks related to deep levels and confined QD states,
which lie inside the GaAs band gap, are shifted deeper in the
calculated profile than their actual depth in the sample.
Figure 6. PL spectra of investigated samples. PL emission from
GaAs, QDs and background substrate impurities (broad peak at
around 1450 nm) are visible.
accumulation and depletion in the QDs and surrounding areas
near QDs, respectively. No signs of defects are observed that
would degrade the electron transfer between the dots and the
GaAs host matrix, which is in agreement with the DLTS data.
The flushing step recovers the undisturbed electron exchange
in the QDs.
Figure 6 shows room-temperature PL spectra of
investigated samples. Three peaks are observed for all the
samples: PL emission from GaAs, QDs, and then a broad peak
originating from the substrate impurities, labelled as ‘substrate
background’. Four observations can be pointed from this PL
data: (i) the QD PL signal is larger for samples with cycled InAs
deposition, (ii) the PL signal increases with flushing, (iii) the
PL signal blue shifts with flushing, and (iv) the shift is larger
for sample A2 grown with continuous deposition. Cycled
growth results in less as-grown defects, as confirmed by DLTS
measurements in figure 1, where sample A1 has broader DLTS
peak. This explains the higher PL intensity for sample B1
than for sample A1, which shows hardly detectable QD PL
emission. The increase in the PL emission due to flushing is
again in agreement with DLTS and CV data. The annealing of
defects, which causes nonradiative recombination, increases
the PL intensity. In-flushing induced blue shift is related to
material evaporation and interdiffusion which affect to the size,
shape and composition of the QDs [13]. Similar type of effects
are also observed for example in post-growth annealed InAs
QDs [23], InGaAs quantum wells [24] and InGaAs quantum
posts [25]. Material interdiffusion can be expected to be more
pronounced when there are more defects acting as a diffusion
channels. This explains larger blue shift of sample A2, since
sample A1 has broad DLTS spectra and larger amount of
defects than sample B1. The shift of the QD PL peak closer
to the energy of GaAs band gap is related to a decrease in
the confining potential due to the changes in effective size,
shape and composition of QDs. This leads to decrease in PL
intensity, because the probability of thermal escape of carriers
from the QDs is increased. This is one reason why the PL
signal of sample A2 with larger blue shift is smaller compared
with sample B2. Although the DLTS measurements did not
show evidence of defects in flushed samples, there still might
be defects which are undetectable with DLTS measurement, at
least at used temperature range and measurement parameters.
Furthermore, one can only observe electron traps in n-doped
Schottky diode, hole traps cannot be detected. Such defects
can explain the difference in PL intensity between samples A2
and B2. According to our PL results, cycled deposition of InAs
reduces the defect formation.
4. Conclusion
To summarize, we have studied the influence of the In flushing
on electrical and optical properties of cycled and continuously
deposited InAs QD Schottky diodes. In flushing decreased the
amount of QD induced defects in and nearby the QD layer
and improved the electrical properties of the diodes. Due to
the removal of defects, the quantum confinement effects in the
QD layer are recovered. As a consequence of flushing, the PL
signals increased and exhibited a blue shift emission, which
was found to be more pronounced for samples grown with
continuous InAs deposition. Continuous deposition was found
to produce more defects compared with cycled deposition.
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a b s t r a c t
We report the inﬂuence of V/III beam-equivalent-pressure ratios and post-growth annealing on the pho-
toluminescence of GaSb quantum dots grown on GaAs(100) by molecular beam epitaxy. Increasing the
V/III beam-equivalent-pressure ratio from 3 to 5 and then to 7 results in decreased photoluminescence
intensity and redshifts the photoluminescence wavelength. The post-growth annealing blueshifts the
quantum dot photoluminescence emission and decreases the full-width-at-half-maximum of the pho-
toluminescence peak when annealing temperature is increased above 800 ◦C. The blueshift behavior is
found to be independent on the V/III ratios indicating a similar atomic interdiffusion mechanism for all
investigated samples regardless of the quantum dot properties. The photoluminescence intensities of
the three samples experience an increase after moderate annealing. Whereas the intensity of the sample
with the highest V/III ratio further increases, the intensity of the sample with lower V/III ratios decreases
again upon higher annealing steps above 900 ◦C. Furthermore, temperature- and power dependent pho-
toluminescencemeasurements are performed on as-grown and 870 ◦C annealed sampleswith V/III ratios
of 3 and 7 in order to study the reduced quantum dot conﬁnement in more detail.
© 2012 Elsevier B.V. All rights reserved.
1. Introduction
Semiconductor quantum dot (QD) systems fabricated using
Stranski-Krastanov (SK) growth processes have attracted great
interest during the past two decades owing to unique features.
QDs heterostructures render new opportunities for high impact
applications including semiconductor lasers, solar cells, and pho-
todetectors [1–8] as well as in single photon sources for quantum
computing, quantum cryptography, and quantum logical elements
[9–12]. The majority of QD researches and applications has focused
on the InAs/GaAs QD system, which exhibit a type-I bandgap
alignment. However, QDs with a type-II band structure, such as
GaSb/GaAs, are drawing more and more attentions due to their
peculiar properties. In GaSb/GaAs QDs the holes are conﬁned while
the non-conﬁned electrons are loosely bound by Coulomb inter-
actions leading to spatial charge separations. This gives access, for
example, to the presence of Mott transition effects [13]. Further-
more, GaSb QD systems exhibit a wide choice of barrier materials
that can be used for band-gap engineering making them to promis-
ing candidates for telecommemitters and solar cells.More recently,
GaSb QDs have been pointed out also as promising candidates for
∗ Corresponding author. Tel.: +358 407265107; fax: +358 331153400.
E-mail address: ville.polojarvi@tut.ﬁ (V. Polojärvi).
development of quantum memory elements [14–16]. Compared to
the commonly exploited SK InAs/GaAs QD system, the fabrication
of GaSb/GaAs QD system is affected by more growth parameters
due to the exchange of the group-V element. For example, one also
has to take into account the annealing times prior the QD growth
after the exchange of As and Sb in order to get Sb-stabilized sur-
faces [17]. Furthermore, GaSb QDs do not necessary follow the SK
growth mode; they can be grown using an interfacial misﬁt (IMF)
growthmode available for the GaSb/GaAsmaterial system [18–21].
The dominating growth mode depends on the growth conditions,
such as V/III beam-equivalent-pressure (BEP) ratio, and the transi-
tion fromSK to IMF is not abrupt. In the IMFgrowthmode, the strain
of the lattice-mismatched epitaxial layers is relieved by introduc-
ing 90◦ dislocationswithin theQDs.While SK grownGaSbQDs emit
photoluminescence (PL) typically above 1.1 eV [20–29], IMF grown
GaSb QDs are generally larger in size and show PL around 0.95 eV
[20,21].
In this paper we investigate PL properties of SK-grown
GaSb/GaAs QDs using three different V/III BEP ratios, i.e. 3, 5, and 7.
In particular, we study the effects of post-growth annealing treat-
ments in the temperature range of 650–970 ◦C. Annealing leads
changes in PL blueshifts, PL peak widths, and intensity variations
due to intermixing processes. The results can be used for further
studies onGaSbQDsand indevelopmentof abovementionedappli-
cations.
0921-5107/$ – see front matter © 2012 Elsevier B.V. All rights reserved.
http://dx.doi.org/10.1016/j.mseb.2012.05.017
1104 V. Polojärvi et al. / Materials Science and Engineering B 177 (2012) 1103–1107
2. Experiments
The samples were grown by solid-source molecular beam epi-
taxy (MBE) using valved crackers for arsenic and antimony. After
growth of a 200nm thick GaAs buffer on n-type GaAs(100) sub-
strate, a 50nm AlAs, and a 50nm GaAs layer, we deposited 3
monolayers (ML) of GaSb QDs at a substrate temperature of 485 ◦C
anda growth rate of 0.09ML/s. ThreeQDsampleswere grownusing
V/III BEP ratios of 3, 5, and 7. For convenience, the samples are
referred to as A, B, and C, respectively. The QDs were covered by
50nm GaAs and 50nm AlGaAs layers. The growth was ﬁnished by
a 30nm GaAs cap layer. For annealing treatments the as-grown
samples were cleaved into 4mm×4mm pieces. The sample pieces
were annealed using a GaAs proximity cap [30], on a silicon wafer,
face up, under N2 atmosphere. The annealing temperature (Tann)
was controlled by an optical pyrometer. The room-temperature PL
(RT-PL) spectra were recorded using excitation from a frequency
doubled Nd:YAG laser, operating at =532nm, and an InGaAs
detector. For the low temperature PL (LT-PL)measurements, argon-
ion laser, operating at =488nm, was used.
3. Results
The recorded RT-PL spectra from samples A, B, and C are dis-
played in Fig. 1. Sample A shows PL peaks at 1.16 eV and 1.44 eV
arising from the GaSb QDs and bulk GaAs, respectively. A shoul-
der is observed at around 1.31 eV that we attribute to PL from the
wetting layer (WL). The PL peak in sample B is redshifted to about
1.13 eV, and the peak intensity is only half of sample A. The PL of
sample C, grown with the highest V/III ratio of 7, is further red-
shifted to about 1.11 eV and the PL peak height accounts to only
one third of the intensity of sample A. Only faint shoulder accord-
ing toWLPL and small peak according toGaAs bulk-PL are observed
in samples B and C.
We link the redshift of PL with increasing V/III ratio to an
increased QD size, which was conﬁrmed by atomic force micro-
scope AFM (Fig. 2). AFM pictures were measured from reference
surface QD samples grown with similar V/III ratios as samples A
(V/III = 3), and C (V/III = 7). Smaller III/V ratio of 3 producesQDswith
the averageQDdensity of 3.3×1010 cm−2 whereas larger III/V ratio
of 7 results in larger QDs with density of 2.7×1010 cm−2. Because
the amount of deposited GaSb is constant (3ML), the increased
QD size leads to the decreased QD density. Since the QD density
(number of emitters) is closed to similar, it does not explain the
Fig. 1. Room-temperature PL spectra of as-grown QD samples A, B, and C grown
with different V/III BEP ratios.
differences in PL intensities between the samples: the surface QD
density is 1.22 times larger for sample grown with V/III ratio of
3, but the integrated PL intensity of sample A is 2.2 times larger,
when compared to sample C. There is also a clear difference in the
shape of the QDs. Sample grown with V/III ratio of 3 has round
QDs, indicating SK growth mode. Sample with V/III ratio of 7 has
slightly rectangular QDs indicating a beginning IFM growth mode.
The V/III ratio is known to affect remarkably to the growth mode of
GaSb QDs. Transition to IMF growth mode takes place when larger
adatom (Sb) is in larger quantity on the growth surface compared
to the smaller adatom (Ga) [20]. Therefore, QDs grown with V/III
ratio of 7 starts to favor not only SK, but also IMF growth mode.
Transition from SK to IMF can be expected not to be abrupt. We
propose that the V/III ratio of 7 is close to the border where growth
mode changes from SK to IMF. The decrease of PL intensities in
samples B and C might be caused by a misﬁt induced nonradiative
recombination in the QD layer due to approaching the transition of
the SK to the IMF growth mode. Deep level transient spectroscopy
measurementswould be needed to study defects in detail. PL emis-
sion energy shifts to smaller energy because larger QD shifts hole
states closer to the conduction band. The size of the un-strained
IMF grown QDs is not restricted in that sense as in the SK growth
mode, where the strain is relaxing due to the three dimensional
growth.
Fig. 2. AFM image (1m×1m) of surface QDs taken from the sample with (a) V/III = 3 (same as sample A), and (b) V/III = 7 (same as sample C).
V. Polojärvi et al. / Materials Science and Engineering B 177 (2012) 1103–1107 1105
Fig. 3. RT-PL spectra of annealed and as-grown sampleswith (a) V/III = 3, (b) V/III = 5,
and (c) V/III = 7. Annealing time was tann = 30 s.
Fig. 3 shows RT-PL spectra of the samples A, B, and C upon
post-growth annealing at temperatures from Tann =650 ◦C up to
Tann =970 ◦C. The annealing time was tann =30 s. Clear differences
in QD PL peak intensity and energy are observed for all three sam-
pleswhen the annealing temperature is increased. TheQDPL peaks
increase upon moderate annealing and shifts slightly to shorter
wavelengths. A blueshift of the PL peaks emerges with annealing
above 800 ◦C for all the samples. Samples A and B show decrease
in PL intensities for higher annealing temperatures, while PL peak
intensity of sample C shows monotonic increase. Fig. 4 shows the
QD PL intensities, emission energies and full width at half maxi-
mum (FWHM) as a function of annealing temperature. Sample A
shows a slight increase in PL intensity up to 750 ◦C followed by a
rapid increase at 785 ◦C. At 870 ◦C the intensity drops and reaches
a value at 970 ◦C below that of the as-grown intensity. In sam-
ple B, we observe an increase of the PL intensities in the range of
650–750 ◦C. Further increase of annealing temperatures has nearly
no inﬂuence on the intensities in sample B. The PL intensities of the
QDs in sample C show a nearly monotone increase. The PL inten-
sity (for consistence) of the sample C with Tann =970 ◦C is 2.5 times
higher compared to the as-grown PL intensity of the same sample.
Annealing temprature (ºC)
Fig. 4. (a) PL intensity, (b) PL energy, and (c) FWHM as a function of annealing
temperature for samples A, B and C.
At highest annealing temperature, the QD PL intensity is close to
same for all three samples. The WL and bulkGaAs PL intensities
increase during annealing, showing maximal intensity at highest
annealing temperature. The blue shift starts when the annealing
temperature is increased above 800 ◦C, and at the same time the
FWHM values start to decrease. The FWHM value also depends on
the V/III ratio: sample C shows broadest QD PL spectra whereas
sample A shows the narrowest QD PL spectra.
The increase of PL intensities at moderate annealing tempera-
tures can be attributed to annealing of defects in the QDs, at the
interfaces, as well as in the surrounding GaAs host. The monotoni-
cally increasing PL intensity of sample C during annealing suggests
that the concentration of defects in the QD layer is larger com-
pared to samples A and B, requiring higher annealing temperature
or longer annealing time. It is alsopossible that thenature of defects
in sample C, with starting IMF growth mode, is such that annealing
at veryhigh temperatures is required to remove thesedefects.More
detailed analysis, for example deep level transient spectroscopy
measurements, would be required to show the nature and evo-
lution of the defects with respect to the V/III ratio and annealing
temperature. The decrease of PL intensity in samples A and B with
high annealing temperatures comes along with an increase of PL
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intensities corresponding to WL and GaAs. Furthermore, the PL
intensity in sample B decreases when the QD PL peak starts to
shift to the higher energy (shorter wavelength), closer to the WL
PL peak. The decrease in QD PL intensity at annealing above 800 ◦C
is attributed to a decreased conﬁnement of holes, which in turn
make the recombination in the WL as the dominate radiative pro-
cess. The WL PL emission does not dominate in sample C at high
annealing temperatures because the PL does not shift as close to
WL emission as in samples A and B. Furthermore, the hole conﬁne-
ment in the QDs in sample C is still large enough so that the QD PL
emission dominates at room temperature. To summarize the room
temperature PL intensity behavior, annealing of defects increase PL
from QDs, WL and bulk GaAs, whereas decrease in QD conﬁnement
causes decrease in QD PL emission. This leads to further increase in
PL emission from less conﬁned WL states and bulk GaAs.
The origins of the QD PL peak shift to higher energy is attributed
to material interdiffusion between the QDs and surrounding
semiconductor host matrix, observed in numerous different QD
structures upon annealing [31–35]. Notable diffusion of materi-
als between the QDs and surrounding semiconductor occurs in
our samples when the annealing temperature is increased above
a “critical” value of ∼800 ◦C. At higher annealing temperatures, the
QD composition and the effective size is altered due to signiﬁcant
material interdiffusion. The conﬁning energy and the energy bar-
rier for holes and electrons, respectively, are deﬁned by the QD size
and composition. When annealing causes intermixing between the
QDsand surroundingGaAs, these energies aremodiﬁed. This causes
shifts of theQDhole states towards theGaAs valence band edge and
thus, the QD PL emission shifts to the higher energies. Addition-
ally, the QD energy barrier for electrons in the conduction band,
due to the type-II band lineup, is weakened because of the anneal-
ing induced intermixing processes. Interestingly, all three samples
show a similar PL shift to higher energy. Similar blueshifts indicate
similar interdiffusion mechanism which is, generally, expected in
the same QD system. However, the blueshift obviously does not
depend on the V/III ratio and on the structural properties of the
as-grown GaSb QDs. It is worth noting that the “critical annealing
temperature” depends onmanyparameters, such as annealing con-
ditions, sample capping (e.g. proximity capping, dielectric capping),
and sample structure itself (e.g. cladding layers). Furthermore,
GaAs surface oxides and surface passivation have been reported
to inﬂuence the post growth annealing as well [36,37]. Larger size
distribution of QDs explains the increased FWHM value when III/V
ratio is increased, because the size of the QD effects to its emis-
sion energy. Decrease of the FWHM of the QD PL emission during
thermal annealing is explained by the Fickian interdiffusion model
[31,33,38], where the QDs intermix with the barrier material leads
to blue shift and decrease in FWHM.
In the following, we show temperature dependent PL experi-
ments of as-grown and 870 ◦C annealed samples A and C in order
to gain a closer look into the changed QD conﬁnement during
the annealing process depending on the V/III ratio. We choose
870 ◦C annealed sample because at that temperature the mate-
rial interdiffusion process has started, but the QD PL emission still
clearly dominates. The intensities in all four samples decrease with
increasing temperatures and canbe sufﬁciently approximatedwith
a single exponential function. The activation energies of each sam-
ple, obtained from the ﬁts, are displayed in Fig. 5. The as-grown
sample C has slightly higher thermal activation energy than the as-
grown sample A indicating larger conﬁnement of holes for larger
V/III ratio. For both V/III ratios, the activation energies decrease
upon annealing which corresponds to the lowering of the conﬁn-
ing potential. The obtained activation energies are in accordance
with PL and AFM measurements: the as-grown activation energy is
slightly smaller for sample A with smaller QDs and higher PL emis-
sion energy. When Sb and As atoms intermix, the effective size of
Fig. 5. QD thermal activation energies for (a), (c) as-grown and (b), (d) 870 ◦C
annealed samples. Activation energies are obtained from single exponential ﬁts.
the GsSb QDs gets smaller. Also, the composition of QDs is rather
GaAsSb than GaSb, because of intermixing process. Therefore the
conﬁning potential for holes in the QDs gets smaller. We propose
that the reduction of thermal activation energies is due to the inter-
diffusion of group V elements between the QD and surrounding
GaAs host matrix, which also causes blue shift (shift to the higher
energy, corresponding to the lowered conﬁnement of holes in the
QDs) inPLemission. Furthermore,weperformedpower-dependent
PL experiments at 9K (not shown), which revealed a similar behav-
ior of the PL energies versus excitation power for all samples. The
PL energy shifts linearly with the third root of the excitation power
according to a type-II bandgap [6,22,24,39–42].
4. Conclusions
We have studied the inﬂuence of V/III beam-equivalent-
pressure ratios and post-growth annealing on the PL of GaSb QDs
grownonGaAs(100). Increasing theV/III ratios forQDgrowth from
3 to 7 decreased the PL intensities and redshifted the PL wave-
lengths. Also, the FWHM of the PL emission gets slightly larger
when V/III ratio is increased indicating larger size distribution
of QDs. Annealing blueshifted the QD PL emission and decreased
FWHM for annealing temperature above 800 ◦C, which is in accor-
dance with Fickian interdiffusion model. The blueshift behavior is
found to be independent on the V/III ratios. The differences in PL
behavior between the samples grown with different V–III ratio was
explained by annealing of defects and decrease in hole conﬁne-
ment during annealing. Temperature dependent PL experiments
revealed reduced thermal activation energies for holes when QDs
were grown with smaller V/III. Thermal activation energy was fur-
ther reduced in the annealed samples.
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a b s t r a c t
The optical properties of p-i-n solar cells comprised of InAs quantum dots embedded within GaNAs and
GaInNAs quantum wells are reported. Strain compensating and mediating GaNAs and GaInNAs layers
shift the photoluminescence emission as well as absorption edge of the quantum dots to longer wave-
lengths. GaNAs and GaInNAs quantum wells contribute also to extending the absorption edge. In addi-
tion, the use of GaNAs and GaInNAs layers enhances the thermal escape of electrons from QDs by
introducing steps for electrons to the GaAs conduction band.
 2015 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
Quantum nanostructures such as quantum wells (QW) and
quantum dots (QD) have drawn interest during last years also for
solar cell applications. By changing the QW materials, composi-
tions, and thicknesses, one can optimize the band gap of the solar
cell absorber for speciﬁc application, whether it is a single junction
solar cell or sub-junction in multi-junction device. Different types
of QW solar cells have been investigated, including InGaN/GaN, [1]
AlGaAs/GaAs, [2] GaNAs/GaAs, [3] and GaAs based GaAsP/GaInAs
[4] QWs. A typical problem that needs to be tackle for such multi-
layers structure is the compromise between the composition
required to ensure a long-wavelength absorption edge and the
thickness of the absorber that could be limited by the strain. To this
end strain compensation techniques are used for increase the
thickness of the absorber to useful level, but at the same time this
makes the fabrication more cumbersome. For example, the com-
pressive strain build-up in GaInAs/GaAs QW solar cells is balanced
with tensile GaAsP layers resulting in rather complicated struc-
tures with even hundreds of interfaces. On the other hand the
semiconductor QDs provide alternatives for extending the absorp-
tion band in multijunction solar cells, while being more resilient to
adverse effect of the strain. Most common examples of such solar
cells are based on In(Ga)As [5–7] and Ga(As)Sb [8] QDs, which
are fabricated by Stranski–Krastanov (SK) epitaxy, where surface
energy is minimized through formation of three-dimensional
(3D) islands. However, the SK growth leads to degradation of QD
properties and generation of misﬁt dislocations when the amount
of stacked layers is increased [9]. A high level of stacking as well as
a high QD sheet density is important because of limited absorption
cross section of a single QD layer. Moving towards advanced QD
cell concepts, achieving a dense matrix of homogenous QDs is
mandatory for intermediate band solar cells. Moreover, the risk
of misﬁt and defect formation increases when the QD density
and aspect ratio are pushed to their maximal limits by depositing
QDs approaching the threshold of plastic strain relaxation.
Tensile strained layers have been successfully incorporated
within stacked InAs QD layers to compensate compressive strain,
improving the dot size homogeneity and reducing the strain
induced defects [10–15]. Promising results for GaNAs strain com-
pensated InAs QD solar cells, with several QD layers stacked suc-
cessfully, have been reported [13–15]. Furthermore, one can use
strain mediation layers in combination with strain compensation
layers, when fabricating stacked QD layers. To this end, a few
nanometers thick GaInNAs layers can be inserted in the close prox-
imity of the QDs in order to mediate the highly compressive strain
arising from the surrounding semiconductor barriers. Strain medi-
ation layer also forms a QW to the structure. A similar type of
strain compensation/mediation has been previously used for the
development of dilute nitride GaInNAs/GaNAs/GaAs QWs used in
telecommunication laser applications [16]. Besides the strain
aspects, when using quantum conﬁned structures one need to
pay attention to higher degree of carrier localization that hinders
http://dx.doi.org/10.1016/j.scriptamat.2015.06.033
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transport and enhances carrier recombination. Facilitating the
thermionic escape of carriers should also be considered for increas-
ing the efﬁciency of the solar energy conversion.
In this paper, we investigate the properties of stacked InAs QD
layers with GaNAs and GaInNAs strain compensation and media-
tion layers. In particular, we report the inﬂuence of dilute nitride
layers on QDs luminescence properties, spectral response, and
thermionic emission of carriers in p-i-n diodes.
Four p-i-n diodeswith different intrinsic regionswere fabricated
on n-GaAs(100) substrate by molecular beam epitaxy (MBE).
Sample structures are schematically presented in Fig. 1(a). The
intrinsic region of sample A consisted of GaAs. Sample B had ten
layers of InAs QDs, formed by deposition of 2 monolayers of InAs,
and separated by 50 nm of GaAs. Sample C had 20 nm GaN0.01As
strain compensation layers below each layer of QDs to compensate
the strain of 2 monolayer of InAs QDs [13–15]. Sample D had an
additional 5 nm GaIn0.06N0.01As layer on top of each QD layer. The
growth temperature of the intrinsic layers was kept ﬁxed at
Tgr = 470 C. After MBE growth, the samples were processed into
4 mm  4 mm solar cells. We used a Ni/Au back metal contact
and a Ti/Au top-grid metal contact evaporated by e-beam through
a shadow mask. The composition was analyzed by measuring the
X-ray diffraction (XRD) rocking curves in x–2h geometry using
Philips diffractometer. Room temperature photoluminescence (PL)
was measured from each sample using a frequency doubled
Nd:YAG laser emitting at 532 nm and an InGaAs detector array
(Accent RPM 2000 PL-mapper). The spectral response was mea-
sured using a standard lock-in techniquewhile the sample was illu-
minated with a broadband light source through a DK240 1/4 meter
monochromator. The spectral response measurement was cali-
brated using a NIST-traceable germanium detector.
We should point out that there is a fundamental difference
between samples A–D. Although they are here compared to each
other, the operation principle as a solar cell is different. Sample A
is a normal GaAs solar cell, absorbing photons at higher energy
than its band gap. Sample B is a QD solar cell without QW struc-
tures. Sample C is strain compensated QD solar cell, with GaNAs
strain compensation layer. Sample D, with additional GaInNAs
strain mediation layer, is a QW solar cell with embedded QD layers.
In such cells, the QW affects strongly to the position of the quasi
Fermi level and hence the output voltage of the device.
The compositions of GaNAs and GaInNAs strain compensation
and strain mediation layers were estimated by XRD measurements
andﬁt to simulations. First,wedeﬁned theN composition fromsam-
ple C, and used this to deﬁne the composition of indium in sampleD.
The XRD rocking curves are presented in Fig. 1(b). The band
anti-crossing model was used for determining the fundamental
band-gaps of dilute nitride layers [17]. The composition,
band-gaps and lattice mismatch of GaAs, InAs, GaNAs and
GaInNAs are summarized in Table 1. Latticemismatch is determined
as a difference in the lattice constant Da = asubstrate  amaterial
divided by the lattice constant of the substrate. One thing to point
out from theXRDdata is, that sample C does not have as clear fringes
as sample D. Although the fabrication parameters for GaAs/GaNAs
and GaNAs/InAs interfaces are the same, sample D appears to have
higher interface and/or material quality that could be linked to the
use of additional strain mediating layers.
The effect of GaNAs and GaInNAs layers is revealed by the room
temperature PL measurements, presented in the left part of the
Fig. 2. The QD PL emission shifts to the longer wavelengths when
moving from sample A to sample D. Sample A exhibits the GaAs
PL peak, while sample B shows PL emission also from InAs wetting
layer (WL) at 920 nm and QDs at 990 nm. Strain compensating
GaNAs layer in sample C shifts the PL emission of the WL and QD
to longer wavelengths by amount of 100 nm, when compared to
sample B. Further shift of the QD PL emission, up to 1250 nm, is
achieved in sample D where QD layers are capped with GaInNAs.
The room temperature PL emission from GaNAs or GaInNAs is
not visible in sample D, while in sample C the GaNAs PL emission
might overlap with the PL peak of the WL. The drop of the PL inten-
sity for sample C compared to sample B can be related to
N-induced defects caused by unoptimized growth condition of
GaNAs strain compensation layer, and related nonradiative recom-
bination [18]. However, adding the GaInNAs strain mediation layer
(sample D) increases the PL intensity, compared to sample C. When
taking into account also the XRD data, it is evident that adding
GaInNAs strain mediation layer improves the material quality.
Surrounding GaNAs and GaInNAs layers also modiﬁes the conﬁning
potential in the QD layer. Energy difference between conﬁned elec-
tron and hole states decreases when QDs are surrounded by smal-
ler band gap materials. The interpretation of the PL emission can be
compared to a schematic band diagram of the structures revealing
the position of the conﬁned QD energy states, which is shown in
the right part of the Fig. 2.
The spectral response of the p-i-n diodes, measured within the
range of 800–1200 nm, is shown in Fig. 3. The spectral response is
reduced at shorter (<900 nm) wavelengths when dilute nitride lay-
ers are added to the structure, which is explained by increased
N-related defects and decreased amount of GaAs in i-region.
When taking into account emitter, intrinsic region, and base, the
Fig. 1. (a) Schematic sample structure. (b) 2 XRD rocking curves in x–2h geometry for samples B–D.
Table 1
Compositions, band-gaps, and lattice mismatch for investigated materials.
Material N-
composition
In-
composition
Band-gap
(eV)
Lattice mismatch on
GaAs (%)
GaAs 0.00 0.00 1.424 0.000
InAs 0.00 1.00 0.354 6.686
GaNAs 0.01 0.00 1.232 0.204
GaInNAs 0.01 0.06 1.191 0.226
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total thickness of GaAs is 1100 nm, 1100 nm, 900 nm, and 850 nm
for samples A, B, C, and D, respectively. For comparison, thickness
of GaAs junction in high efﬁciency solar cells can be >3 lm [19].
Shoji et al., [20] have studied InAs QDs with GaAsN strain compen-
sation layers grown on GaAs(113) substrate. Their study did not
reveal a similar decrease in spectral response at shorter wave-
lengths. It is possible that the depletion region does not extend
over the whole QD region because of increased background doping
due to nitrogen related defects. In such case where QD layer is not
placed inside the electric ﬁeld, it can act as a trap causing recom-
bination and decrease in spectral response and solar cell perfor-
mance. However, the absorption edge shifts to the longer
wavelengths when moving from sample A to sample D. The contri-
bution of the QD layer is visible in sample B at around 950 nm. The
GaNAs layer shifts the QD layers absorption to longer wavelengths
in the range of 870–1000 nm. The absorption of the QD layer is
further shifted when GaInNAs layers are added to the structure,
showing spectral response at around 1150 nm. A spectral signature
related to the direct absorption of GaInNAs layer is also present.
When taking into account both, spectral responses and the PL
results, one can see that the direct absorption to the QD energy
states and corresponding current generation is not visible.
Spectral response related to the QD layer shown in Fig. 3 is due
to absorption to the wetting layer. Thermal excitation from the
QD states to the conduction band cannot be resolved in Fig. 3. It
is possible that absorption by the stack of ten QD layers is not high
enough to show clear spectral response for our measurement
resolution, or carriers cannot escape efﬁciently from the lowest QD
states to the conduction/valence band. Thermal escape of the
carriers from the QD states could be enhanced by using wider
bandgap InGaAs/GaAs QDs, for example. However, dilute nitride
layers and related shift in the spectral response makes the device
capable to utilize photons at longer wavelengths. Furthermore, it is
possible to tune the emission and absorption wavelength of QDs [21]
as well as of the dilute nitride layers [22] with thermal annealing.
The thermionic emission of the carriers from QD and dilute
nitride layers to the GaAs conduction band was studied using tem-
perature dependent short circuit current (ISC) measurements.
Fig. 4(a) presents the ISC when the samples were illuminated with
a halogen lamp through a 900 nm long-pass ﬁlter. Average ISC
increases when moving from sample A to sample D. Fig. 4(b) shows
the same ISC measurements when the current at T = 450 K is nor-
malized to one. The temperature dependency of the ISC clearly
decreases when moving from sample A to sample D. Samples A
and B, exhibit a clear temperature induced variation in current
while the sample D, with GaNAs and GaInNAs layers, has a
corresponding current variation of only 25% when temperature
is varied between 85 K and 450 K.
Fig. 2. (Left) PL spectra for samples A–D, at T = 293 K, showing the shift of QD PL emission to longer wavelengths. (Right) Schematic image of band diagrams of samples A–D.
Energy difference of conﬁned electron and hole states gets smaller when GaNAs and GaInNAs layers are added to the structure: DEB >DEC > DED.
Fig. 3. Normalized spectral response of samples A–D showing dilute nitride and QD
induced absorption at longer (>900 nm) wavelengths.
Fig. 4. Short circuit current versus temperature. Samples are illuminated through a 900 nm long-pass ﬁlter. Current is plotted in (a) absolute value and (b) normalized at
T = 450 K. (c) Schematic of the thermal excitation process from QD layer to GaAs conduction band in sample B and D.
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The absolute value of the measured current is determined
mainly by the absorption of the photons at k > 900 nm, thermal
excitation of carriers, and tunneling [23]. The current levels are
in agreement with the spectral response measurements at
k > 900 nm. Sample A, in principle having no absorbtion at
k > 900 nm, shows very low currents, and sample D with highest
spectral response at k > 900 nm shows the highest current. The
temperature variation of the ISC is also relative to the energy barri-
ers that carriers have to overcome to get to the conduction band.
Fig. 4(c) presents the thermal excitation process from QD layer
(wetting layer) to GaAs conduction band in samples B and D.
Dilute nitride GaNAs and GaInNAs layers provide steps for elec-
trons and holes to thermally escape to the conduction band.
Enhanced thermionic emission of electrons makes ISC to be more
temperature stable when cooling down to 85 K. We should point
out that not only QD layers are responsible for absorbing photons
with energy below GaAs band gap, but also dilute nitride layers
themselves absorb low energy photons, and the generated elec-
trons/holes are thermally excited to the conduction band/valence
band.
As a conclusion, we have analyzed p-i-n diodes with InAs QDs
embedded within GaNAs and GaInNAs strain compensation and
mediation layers. These layers modify the emission and absorption
properties of the QD layers. A redshift in the PL emission and spec-
tral response was observed, when GaNAs and GaInNAs layers were
added to the structure, enabling harvesting photons at longer
wavelength. By using a GaInNAs strain mediation layer, the XRD
fringes became more sharp and PL intensity was increased when
compared to sample with only GaNAs strain mediation layers, indi-
cating improved material quality. Thermal escape of electrons was
found to be enhanced by GaNAs and GaInNAs. This is attributed to
the fact that dilute nitride layers absorb photons and furthermore
provide steps for electrons to thermally escape from QD layer to
the GaAs conduction band, and contribute to the current of p-i-n
diode.
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Abstract
We study the photoluminescence and impact of post-growth annealing of stacked, strain-free
GaAs quantum dots fabricated by refilling of self-organized nanoholes using molecular beam
epitaxy. Temperature- and power-dependent photoluminescence studies reveal an excellent
optical quality of the quantum-dot stack. After high-temperature post-growth annealing only
slight blueshifts and an increase in full width at half-maximum of the photoluminescence peak
are observed, indicating very high-temperature stability and crystalline quality of the stacked
GaAs quantum-dot structure.
(Some figures in this article are in colour only in the electronic version)
1. Introduction
Self-assembled quantum dots (QD) grown by molecular beam
epitaxy (MBE) are fascinating objects that exhibit a three-
dimensional confinement for charge carriers leading to narrow,
intrinsic energy levels [1, 2]. Semiconductor QDs have
been found to be very attractive for novel optoelectronic
and electronic devices and applications, such as lasers and
amplifiers [1], solar cells [3, 4] or single-photon sources
for quantum computing [5], quantum cryptography [6] and
quantum logical elements [7]. The vast majority of MBE-
grown QDs, e.g. self-assembled InAs QDs, follows the
Stranski–Krastanov (SK) growth mode in which strain is
involved arising from the lattice mismatch between the
substrate and the epilayer [1, 2]. Alternative QD growth
procedures, such as droplet epitaxy (DE) [8–10], have
been developed which allow us to generate strain-free QDs.
However, DE requires low growth temperatures during the
growth of QDs, which lead to a large number of defects in
the QDs as well as in the surrounding barrier [11]. Recently,
a promising DE-related method to create strain-free QDs
has been established by exploiting self-assembled nanoholes
grown by local droplet etching (LDE) [12–14]. These
nanoholes can be subsequently refilled with a semiconductor
either possessing a similar lattice constant as the host
semiconductor or a different lattice constant. The main
advantages of the LDE and refilling method with respect
to DE is the use of common GaAs growth temperatures
around 600 ◦C and the absence of the group V crystallization
step during the MBE process, both processes reducing the
amount of defects. Highly uniform strain-free GaAs/Al(Ga)As
QDs have been recently demonstrated by using this growth
method [15–17]. Stacking of these strain-free QD would be
beneficial for applications requiring many QD layers, such as
in QD lasers or solar cells. In order to grow high-uniform,
stacked SK QD layers with narrow photoluminescence (PL)
peak widths, modified layer structures have been exploited, e.g.
using strain compensation layers [18, 19].
In this paper, we study the optical properties of a fivefold
stack of strain-free GaAs QDs, grown by the LDE and
0957-4484/11/105603+04$33.00 © 2011 IOP Publishing Ltd Printed in the UK & the USA1
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refilling method. Our LDE GaAs QDs are found to be
highly temperature stable as observed in post-growth annealing
experiments. The QD PL emission does not experience
a blueshift (BS) unless ultrahigh temperatures and long
annealing times are used, indicating high crystal and optical
quality of the QDs.
2. Experimental details
The GaAs QDs were grown on semi-insulating GaAs(001) in
a solid-source MBE system equipped with an arsenic valved
cracker. After the growth of GaAs and AlGaAs buffers we have
grown a 5 nm AlAs layer in which nanoholes were generated
using the following procedure. After growth of the AlAs layer
the arsenic valve was closed and 3.2 monolayers (ML) Al
were deposited at T = 650 ◦C to form Al droplets on the
AlAs surface. Subsequently, an annealing step of 180 s was
introduced during which the self-assembled nanoholes with a
depth of 16 nm were formed [20]. In this case, Al was used
for the LDE processes in order to create confining barriers
for the following GaAs QDs. Afterwards, the nanoholes were
filled by 0.6 nm GaAs in a growth-interrupted fashion [21] to
enhance the filling process of the holes and then covered by
20 nm AlGaAs. The height of the resulting GaAs QDs was
around 8 nm. For additional details see [20, 21]. A typical
QD density of about 4 × 108 cm−2 per layer is obtained. The
whole growth sequence was repeated five times, leading to
a stack of five GaAs QD layers. The growth was finished
with an AlGaAs buffer layer and GaAs cap layer. The as-
grown sample was capped by a 120 nm SiO2 layer by means
of plasma-enhanced chemical vapour deposition, and cleaved
in 2 × 2 mm2 pieces for different annealing treatments. The
sample pieces were annealed on a silicon wafer, face up in N2
atmosphere. The annealing temperature (Tann) was controlled
by an optical pyrometer. Low-temperature PL was measured
with an argon ion laser and a photomultiplier tube using
a closed-cycle helium cryostat. The room-temperature PL
spectra after annealing were measured using excitation from an
Nd:YAG laser, operating at λ = 532 nm, and a CCD detector
array.
3. Experimental results and discussions
Figure 1 shows low-temperature PL spectra of GaAs QDs at
varied excitation powers. An increase of the excitation power
clearly reveals the shell structure of the GaAs QDs. We observe
distinct, very narrow PL peaks (E0 − E3) between 1.55 and
1.71 eV arising from QD transitions. A GaAs quantum-well
PL peak is observed at 1.82 eV; this is related to the filling of
nanoholes with GaAs. Furthermore, the graph reveals also the
GaAs (shoulder at ∼1.52 eV) and AlGaAs (>1.84 eV) bulk-
related PL. The full width at half-maximum (FWHM) of the
ground-state transition E0 is only 13 meV at 8 K. The FWHM
of a reference single GaAs QD layer is 14 meV, suggesting that
the PL peak widths do not significantly change during stacking.
The temperature dependence of the ground-state PL
intensity is shown in figure 2(a). The intensity remains
nearly constant until 100 K and decreases exponentially with
Figure 1. Power-dependent PL spectra of GaAs QDs at T = 8 K.
The excitation power is varied from 1 to 30 W cm−2.
Figure 2. Temperature dependence of (a) PL intensity and (b) PL
peak position of the E0 transition using an excitation power of
30 W cm−2. The inset in (a) shows the temperature dependence of
the FWHM. The straight (magenta) line in (a) is the fit of the
temperature dependence of the intensity. In (b) the data points are
fitted (straight red line) by the empirical Varshni relation
Eg = E0 − AT 2/(T + B) with E0 = 1.568 eV,
A = 12.9 × 10−4 eV K−1 and B = 1091 K. Additionally, the
temperature dependence of the GaAs bulk bandgap is depicted in (b).
increasing temperatures. An activation energy of EA = 412 ±
6 meV was obtained from a fit of the PL intensities using
I = I0/[1 + C exp(−EA/kBT )] associated with a single path
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Figure 3. Room-temperature PL spectra of samples annealed with
tann = 30 s at different Tann. The PL intensities are normalized.
for non-radiative losses, where I is the PL intensity, I0 is the
PL intensity at 10 K, C is a fitting parameter describing the
transition rate and EA is the activation energy. The resulting
activation energy is similar to the AlGaAs barrier height that
electrons and holes have to overcome thermally. The inset in
figure 2(a) shows the temperature dependence of the FWHM
of the GaAs QD ground-state transition. Up to 100 K the
FWHM is nearly constant at 14 meV followed by a slight
reduction of the FWHM to 12 meV between 100 and 200 K.
Afterwards, the FWHM increases with rising temperatures and
amounts to only 22 meV at room temperature. Figure 2(b)
depicts the temperature variation of the peak position energy
of the ground-state transition. We observe a redshift of about
93 meV of the E0 peak when the temperature is increased from
10 to 300 K. Above 100 K, the PL energy nicely follows the
empirical Varshni relation with rising temperatures originating
in the thermal reduction of the GaAs bandgap. Deviations from
the Varshni fit are observed below 100 K, where almost no shift
of the PL energy is observed and which can be explained by
strong exciton localization effects [22].
In order to prove the good optical properties of our GaAs
QD stack fabricated by the novel LDE method, we performed
high-temperature annealings. Figure 3 shows a selection of
four normalized room-temperature PL spectra from samples
annealed at different temperatures Tann for a time of tann =
30 s. The shape and position of the PL spectra remain
nearly unchanged. Only at very high temperatures (Tann =
1013 ◦C) is a clear blueshift (BS) in the PL spectrum observed.
Four different QD transitions (E0 − E3) are visible in room-
temperature PL spectra even after annealing, and the FWHM
of the E0 transition increases only slightly up to 29 meV upon
thermal annealing. In figure 4(a), the PL intensity and PL
BS are depicted versus Tann. We observe an increasing PL
intensity with higher annealing temperatures. Especially at
very high Tann, the PL increase is more pronounced. The PL
intensity is ten times larger upon the highest annealing step
with respect to the as-grown sample. Interestingly, figure 4(a)
shows that only a very small PL BS of about 15 nm is observed
at the highest Tann. Annealing steps at higher Tann could not
be performed because the quality of the protective SiO2 was
degraded. Figure 4(b) shows the PL intensities and BS for
Figure 4. PL intensity and BS of PL plotted versus (a) Tann
(tann = 30 s) and (b) versus tann (Tann = 970 ◦C).
varied annealing times from 1 to 220 s at Tann = 970 ◦C.
We observe a similar trend of an increasing PL intensity, as
in figure 4(a). The PL intensity maximum is reached at tann =
100 s. At the same time, the PL shows a BS of about 15 nm
and the FWHM slightly increases up to 27 meV.
Our annealing experiments demonstrate the very high
optical quality of the present LDE GaAs QDs. Post-growth
annealing is commonly exploited in order to improve material
and interface quality. Previous studies have shown that
the structural quality and PL intensities of GaAs/Al(Ga)As
DE QDs, as well as GaAs/Al(Ga)As quantum wells (QWs),
can be dramatically improved by a post-growth annealing
step [11, 15, 23, 24]. However, large shifts of the DE
QD PL emission to shorter wavelengths, as well as peak
broadening, has been reported [15, 23]. Wavelength blueshifts
are caused by annealing-induced material intermixing due to
atomic interdiffusion observed in both QD and QW structures
upon annealing [11, 15, 23–30]. Material temperature
stability is important not only during annealing but also for
devices undergoing large temperature gradients during their
operation. The present QDs grown by refilling of self-
assembled nanoholes are found to be highly temperature stable:
only minor broadening and BS of PL exhibit an excellent
thermal stability of the LDE GaAs QDs. The small BS can
be explained by minor Ga and Al interdiffusion at the QD
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interfaces. The diffusion coefficients depend on the crystal
quality, i.e. the atomic interdiffusion is driven by point defects,
such as vacancies generated at low growth temperature, as
in DE. The small BS in our samples, even at relatively high
Tann, is a consequence of optimal growth temperatures applied
during LDE leading to a low density of defects and very good
crystal quality in the QD surroundings. The relative increase
of the PL intensity in our LDE QDs is not as large as for QDs
grown via DE [11], because the amount of defects in the QDs
and in the host material is considerably smaller. It is worth
noticing that SiO2 capping itself generates a large number
of Ga vacancies upon annealing, which can act as diffusion
channels for material interdiffusion, when they migrate to
the QD region [25, 26]. Apparently, in our QD samples,
the vacancies generated at the interface play no role in the
annealing process and became significant only at very high
temperatures, seen as a beginning BS.
4. Conclusions
In conclusion, we report on optical properties of strain-free,
stacked and highly uniform GaAs/AlGaAs QDs grown by
refilling of self-organized nanoholes. Excellent optical quality
of the QD stack is revealed by temperature- and power-
dependent PL studies. Ultrahigh post-growth annealing of the
LDE GaAs QDs demonstrate their high-temperature stability
and, thus, the high crystalline quality of the QDs and the
barriers. The PL intensity is slightly improved while only small
blueshifts and increase of the FWHM are observed upon very
high-temperature annealings.
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Background doping and defect levels in GaInNAs, GaNAsSb, and GaInNAsSb solar cells with
1 eV band-gap are reported. Localized point defect induced traps were observed showing
broadest defect distribution in GaInNAsSb. Incorporation of Sb reduced the unintentional p-type
background doping by an order of magnitude, but increased the capture cross sections of deep
levels by three orders of magnitude. The thermal activation energy of the dominating hole trap was
increased from 350meV for GaInNAs to 560meV for GaNAsSb. Annealing of GaNAsSb solar
cells improved the open circuit voltage from 280mV to 415mV, owing to the reduction in trap
density.VC 2016 AIP Publishing LLC. [http://dx.doi.org/10.1063/1.4944844]
During the recent years, the efficiency of III-V solar
cells has reached record levels well beyond 40%.1 When
looking retrospectively on the evolution of conversion
efficiency, a level of 50% could be expected to be reached
during the next few years for III-V semiconductor solar cell
under concentrated illumination. To meet this target, devel-
opment of new materials providing better spectral matching
is instrumental.2 One of the most promising material groups,
which has already proved its potential for increasing the
efficiency of multijunction solar cells are so called dilute
nitrides, which comprises GaInNAs, GaInNAsSb, and
GaNAsSb compounds. These materials can be grown lattice
matched on GaAs and Ge substrates with band-gaps ranging
from GaAs (1.42 eV) down to 0.8 eV or even lower.3,4
For efficient solar cell operation, besides the optimal
band gap and lattice matching, one should also ensure high
material quality resulting in effective photocarrier genera-
tion. To date, only molecular beam epitaxy (MBE) has suc-
ceeded to demonstrate high photocurrent and photovoltage
generation for dilute nitride materials suitable for the devel-
opment of multijunction solar cells. The best triple-junction
solar cells incorporating 1 eV GaInNAsSb as a bottom junc-
tion exhibit efficiencies in the range of 44% under concen-
trated AM1.5D illumination.5–7 However, solar cells
incorporating 1 eV GaInNAs and GaNAsSb have not yet
shown similar level of performance.8,9 In general, because of
relatively low carrier diffusion length, dilute nitride solar
cells usually incorporate p-i-n designs to increase the field-
aided photocarrier collection. However, achieving a low
enough background doping (<1016 cm3) for a wide enough
depletion region inside dilute nitrides is in general challeng-
ing. N is a small and electronegative atom which easily gen-
erates defects that ultimately cause a reduction in the
diffusion length and increased background doping, reducing
the solar cell performance.10,11 These detrimental features
can be minimized by adjusting the growth process parame-
ters9,12–14 and performing rapid thermal annealing.15–20 At
the same time, incorporation of other impurities, such as H
and C, has to be minimized.21 To this end, identifying and
quantifying the defects in dilute nitride solar cell
heterostructures in relation to material compositions, process
parameters, and photovoltaic performance is an instrumental
step towards improving the conversion efficiency.
From this standpoint, we report a comparative study of
defects associated with the major classes of dilute nitride het-
erostructures relevant for multijunction solar cells. Namely,
we study defects in p-i-n diodes incorporating GaInNAsSb,
GaInNAs, and GaNAsSb bulk crystals lattice matched to
GaAs(100) and having a band-gap of 1 eV. Using
capacitance-voltage (CV) and deep level transient Fourier
spectroscopy (DLTFS),22,23 we report the background dop-
ing densities, deep level thermal activation energies, deep
level densities, and deep level capture cross sections for ma-
jority carrier traps. Furthermore, the importance of thermal
annealing for removing of mid-gap states, and improving the
solar cells performance, is revealed.
The p-i-n samples were grown by molecular beam epi-
taxy on 200 p-type GaAs(100) substrates. The samples were
grown under similar growth conditions using an optimization
process reported in Refs. 12 and 24. The generic structure of
the samples is presented in Figure 1. Sample 1 (S1) com-
prised GaIn0.11N0.04As, sample 2 (S2) GaN0.025AsSb0.06, and
sample 3 (S3) GaIn0.05N0.03AsSb0.03 intrinsic layers. X-ray
diffraction measurements (not shown here) revealed that all
the samples were well lattice matched, and therefore, the
influence of strain is negligible. The p- and n-type GaAs
layers surrounding the i-region were doped with Be and Si,
and had a doping density of 5 1018cm3 and
1 1018cm3, respectively. Mesa structures with top and
bottom Ohmic contacts were defined by inductively coupled
plasma reactive ion etching using standard photolithography
and lift-off techniques. CV and DLTFS measurements were
performed with a Bio-Rad DL8000 DLTFS tool. The fre-
quency for the capacitance measurements was 1MHz, and
the AC voltage amplitude was 100mV. Thermal annealing
tests were also conducted on S2 to prove the influence of
annealing on the defect density and solar cell performance.
Annealing was done in N atmosphere on a Si wafer at 750 C
for 900 s. The samples were protected by a GaAs proximity
capping.17 The as-grown and annealed GaNAsSb solar cells
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with total area of 4 4mm2 and TiO2/SiO2 antireflection
coating was processed for light-current-voltage (LIV) and
external quantum efficiency (EQE) measurements.
Based on the Hall measurements (not shown here) and
EQE analyses, the background doping was determined to be
p-type. Unintentionally doped dilute nitrides often show
p-type conductivity, which has been attributed to presence of
VGa-related defects
25 and contamination due C and H.21,26
However, in MBE-grown dilute nitrides the background dop-
ing levels are reduced when compared to metalorganic
chemical vapor deposition (MOCVD)-grown material
mainly due to reduced C and H contamination. It has been
suggested that the remaining background p-type conductivity
in MBE-grown dilute nitrides arises from N-VGa-derived
defects.25,27,28
P-type background doping is beneficial when the solar
cell is grown on a p-type substrate. This is because: (i) the
depletion region locates on the top part of the p-i-n junc-
tion, increasing the probability for photogeneration within
the built-in electric field, and (ii) the diffusion length for
electrons as minority carriers is longer compared to the
diffusion length for holes. The background doping density
of each sample was determined by CV measurements.
When reverse voltage is applied, the edges of the depletion
region move deeper into the i-region and into the n-GaAs
layer, defining the probed volume. When the abrupt one-
sided junction approximation is used, the background dop-
ing density of the lightly doped side of the junction can be
evaluated from the slope of the 1/C2 vs. V graph.29 Figure
2 shows the CV data and doping profiles, calculated by
solving the Poisson equation.29,30 Calculated depth refers
to a distance from the interface between the n-GaAs
emitter and the i-region. The measured doping densities
for samples S1, S2, and S3 are 3.7 1016 cm3,
5.4 1015 cm3, and 2.7 1015 cm3, respectively.
Dielectric constant of er¼ 12 was assumed for all dilute
nitride material compositions31 because the samples have
the same bandgap of 1 eV and because In, N, and Sb com-
positions were relatively small.
There are clear differences in the background doping
levels between the samples: S2 and S3 with Sb have clearly
lower background doping compared to S1. Lower back-
ground doping results in a wider depletion region width,
which is favorable for p-i-n solar cells. The doping profiles
in Fig. 2 show that the background doping is fairly constant
for S2 and S3 and an increase is observed when the depletion
region’s edge reaches the highly doped p-GaAs. A slight
charge depletion is also observed at the calculated depth of
200 nm for S1. This can be caused by a local defect popu-
lation near the dilute nitride-GaAs interface, where the
trapped charge cannot follow the 1MHz measurements
signal.
Positive effect of antimony on the reduction of the back-
ground doping was reported earlier by Jackrel et al.9
However, in their study, the background doping was n-type
whereas in our case it is p-type. Since Sb is observed to
decrease the background doping in both, intrinsically p- and
n-type dilute nitride materials, this suggests that lowered
background doping could be related to improved crystal
quality. We assign the reduced background doping, at least
partly, to the fact that Sb acts as a surfactant, reduces the sur-
face energy and improves the incorporation of atoms to their
correct lattice sites. The role of Sb as a surfactant is already
reported in several studies.9,21,32–36 It was also proposed that
Sb would inhibit the incorporation of impurities from the
growth environment.9
Figure 3 shows the DLTFS spectra for all three samples.
Samples S2 and S3 were measured with a reverse bias
Ur¼2V, a filling pulse voltage Up¼ 0V, a filling pulse
duration tp¼ 100ms, and a period width Tw¼ 200ms. For
S1, a larger reverse bias of 4V was used because the
probed volume would otherwise be significantly smaller due
to higher background doping. Four different traps labelled as
T1–T4 were identified and evaluated. The inset of Fig. 3
shows normalized DLTFS spectra. We should point out that
the heights of the DLTFS spectra are not directly comparable
due to differences in background doping. Table I shows trap
densities (NT), thermal activation energies (EA), and capture
cross sections (r) for T1–T4, obtained from the Arrhenius
evaluation.
From Fig. 3, one can see that (i) all spectra are broad,
(ii) GaInNAs shows the narrowest and GaInNAsSb shows
FIG. 1. Sample structure. Mesas with diameter of 0.8mm were etched
through epitaxial layers for CV and DLTFS measurements. The sizes of the
fabricated solar cells were 4 4mm2. Ni/Au top contact metals and Ti/Au
bottom contact metals were evaporated with an e-beam metallization
equipment.
FIG. 2. Background doping depth profiles for S1-S3, derived from the CV
data.
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the broadest DLTFS spectrum, and (iii) the GaInNAsSb has
two peaks (T3 and T4). Possibilities for different atomic
arrangements are high in quaternary and quinary compounds,
such as GaInNAs and GaInNAsSb, and therefore, one type
of point defect can occur at different energies depending on
the surrounding atom configurations. Furthermore, the fact
that normalized DLTFS spectra are the narrowest for S1 and
broadest for S3 indicates broader energy distribution of
defects in materials with more constituents. Therefore, we
can expect that the evaluated trap parameters describe only
estimated values for activation energies for each type of
traps. The evaluated trap density extracted from the dominat-
ing peak does not vary much between the samples: it is
largely the same for S1 and S2, and bit smaller for traps in
S3 with double peak. The width of the DLTFS peaks is not
taken into account in the defect density evaluation, and one
can expect that the evaluated defect density is lower com-
pared to real trap density, and the difference increases when
DLTFS peak gets broader.
Tan et al.8 pointed out that a deep hole level with
EA¼ 580meV observed in Si-doped GaNAsSb with bandgap
of 1 eV is linked to As antisites (AsGa); this was done by
comparing this thermal activation energy of AsGa in the low
temperature grown GaAs.37 The trap signatures of T2 and T4
are somewhat similar and could well be related to the AsGa.
However, T1 in sample S1 with GaInNAs clearly has a lower
EA. Apparently, incorporation of Sb increases the activation
energy of this hole trap, or a different trap is dominating in
Ga(In)NAsSb than in GaInNAs. Also, the evaluated capture
cross section increases three orders of magnitude when Sb is
added to the structure. Although Sb decreases the back-
ground doping, the shift of thermal activation energy and
increase in capture cross section make T2, T3, and T4 more
effective recombination centers. Several studies showed
similar type of defects in dilute nitride materials at various
thermal activation energies, but no specific identification of
the origin of defect levels have been made so far.9,38–46
What is common between all the studies is the fact that the
major part of the defects is formed due to N incorporation or
use of low growth temperature.
Broad DLTS peaks are caused by non-exponential
capacitance transients. It is also known that dislocations
cause such behavior;47 such broad spectra were previously
assigned to dislocations and extended defects in relaxed
quantum dots48,49 and quantum wells,50,51 for example. The
nature of electron and hole traps can be investigated by
measuring the DLTFS by varying the filling pulse duration.52
Thus, when the duration of the filling pulse was increased
exponentially from tp¼ 10 ls to tp¼ 1 s and DLTFS signal
was plotted against log(tp), we observed a linear increase fol-
lowed by signal saturation at tp 100ms for T1–T5. Such
behavior is typical for point defects. Furthermore, the shape
of the DLTFS spectra did not show significant changes when
tp was varied, which indicates that the observed deep levels
are caused by a localized trap states rather than band-like
trap population.53
In order to link the defect-related observations to solar
cell performance, we measured the EQE and LIV character-
istics of the as-grown and annealed GaNAsSb solar cells.
Thermal annealing at 750 C for 900 s under GaAs proximity
cap was applied because it was found to be a very good com-
promise for our dilute nitride materials in common. Thermal
annealing did not change the lattice-matching condition. The
measurements are summarized in Fig. 4. Annealing increases
the EQE, short circuit current (ISC), open circuit voltage
(Voc), and efficiency of the devices. There is also a minor
shift of the edge of the EQE towards shorter wavelengths
after annealing, which is due to short range ordering
and improved homogeneity of the alloy as observed in
various N containing compounds, including GaNAs,54,55
GaNAsSb,56,57 GaInNAs,15,58 and InSbN.59 The improve-
ment of the electrical characteristics of the GaNAsSb solar
cells due to thermal annealing can be understood by analyz-
ing DLTFS measurements taken from the as-grown and
annealed samples shown in Figure 4(c) as well as the CV
measurements shown in Figure 4(d). The concentration of
T2 is drastically reduced due to annealing while the carrier
concentration remains almost the same. Less than 10%
decrease in carrier concentration could be attributed to the
reduction in T2, but the observed change in the carrier con-
centration cannot explain such large increase in VOC and Isc.
A feasible way to explain the improved photovoltaic charac-
teristics of S2 is that T2 is acting as an effective recombina-
tion center, and its density can be drastically reduced by
thermal annealing.
Table II shows short circuit current density (JSC) targets
under the state-of-the-art GaInP/GaAs solar cell60 as well as
calculated current densities under an 870 nm long pass filter,
based on the standard solar spectrum61 and EQE data pre-
sented in Fig. 4(a).
The calculated current densities show positive trends:
the JSC for annealed samples is already 82%–83% from
target values although the material fabrication parameters
and absorbing layer thickness are not optimized. The band
FIG. 3. DLTFS spectra for S1-S3. The inset in the upper right corner shows
normalized spectra.
TABLE I. Trap parameters obtained from Arrhenius evaluation.
Sample/trap NT (cm
3) EA (meV) r (cm
2)
S1/T1 2.3 1014 350 2.0 1017
S2/T2 2.3 1014 560 5.6 1014
S3/T3 9.0 1013 470 2.4 1014
S3/T4 8.3 1013 570 1.9 1014
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gap of GaNAsSb decreases faster compared to GaInNAs,
when N composition is increased. Therefore, less N is
needed to get the desired band gap, which can be beneficial
since N-related defects are known to degrade the material
quality. A significant improvement on solar cells’ perform-
ance is also seen in GaInNAs and GaInNAsSb solar cells
upon thermal annealing. In addition, there are also other
ways to improve the performance of dilute nitride junctions.
For example, back surface reflector can effectively double
the active layer thickness, which allows fabrication of
thinner junction resulting potentially in higher voltage
generation.62
In conclusion, the background doping and deep level
defects in 1 eV band gap GaInNAs, GaNAsSb, and
GaInNAsSb lattice matched to GaAs(100) were investigated
in a comparative set of samples grown under similar epitax-
ial conditions (excluding material compositions). Sb was
found to reduce the p-type background doping concentration.
The reduction was by more than an order of magnitude
higher for GaInNAsSb compared to GaInNAs. Broad major-
ity carrier related DLTFS spectra were revealed and attrib-
uted to localized point defects appearing at different thermal
activation energies. No signs of dislocations or extended
defects were observed. Incorporation of Sb to GaInNAs was
found to increase thermal activation energy of the dominant
deep level by 200meV. The incorporation of Sb was also
found to increase the trap capture cross section about three
orders of magnitude. The increase in the trap capture cross
section together with increased thermal activation energy
suggests a transformation of the trap to more effective
recombination center. Thermal annealing increased the volt-
age and current generation of the GaNAsSb solar cell, which
is explained by the reduction in density of the effective
recombination center T2. Furthermore, thermal annealing
did not influence remarkably the background doping level. A
detailed study in which fabrication parameters and post-
growth treatments are varied as a function of materials com-
positions would be needed in order to define whether there is
certain optimal material composition for 1 eV band gap bulk
dilute nitride for solar cell applications.
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a b s t r a c t
The correlation between the As to group III ﬂux ratio and photovoltaic performance of GaIn0.1N0.03As
solar cells fabricated by molecular beam epitaxy is systematically investigated. The results show that ﬂux
ratio has a remarkable inﬂuence on the formation of defect traps. Furthermore, the formation of defects
at different ﬂux ratios is correlating with the variation of the background doping level and the photo-
voltaic performance. In particular, this study reveals a linear dependency between current generation,
dark saturation current, defect densities, photoluminescence peak intensity and the ﬂux ratio. A sig-
niﬁcant increase in solar cell performance, exhibiting maximum external quantum efﬁciency of 90%, is
obtained when As/group-III ratio is decreased close to the stoichiometric limit. For optimized growth
condition, the 1 eV GaIn0.1N0.03As solar cell exhibits a short circuit current density as high as 17.9 mA/cm
2
calculated from the external quantum efﬁciency data (AM0 conditions) with 870 nm high-pass ﬁlter. This
value reﬂects the potential of the GaInNAs cell for current matching and power generation in high
efﬁciency solar cells incorporating three- or four- junctions.
& 2016 Elsevier B.V. All rights reserved.
1. Introduction
Multijunction solar cells based on III–V semiconductors have
the highest conversion efﬁciency of all photovoltaic devices, with
the record efﬁciency of 46% [1]. A high power-to-mass ratio and
suitability for high concentrations make such solar cells ideal for
space and terrestrial concentrator applications. Despite these
remarkable attributes, the potential offered by current solar cells
lies far behind theoretical predictions pointing to efﬁciencies
beyond 50% [2]. This is largely due to the lack of high quality
material with a band-gap between GaAs and Ge and lattice-
matched to GaAs/Ge. To this end, dilute nitride materials have
emerged as a viable solution providing a band gap that can be
changed from at least 0.8 eV to 1.42 eV by incorporation of only a
few percentages of N [3,4]. An optimal band-gap for bottom
junction of GaInP/GaAs/GaInNAs solar cells is close to 1 eV. On the
other hand, the epitaxy of these compounds has been recognized
as a very challenging task because they are metastable and have a
large miscibility gap [5,6]. Therefore, dilute nitrides have to be
grown at non-equilibrium conditions at relatively low tempera-
tures in order to avoid phase separation and clustering effects [7].
Furthermore, owing to its high electronegativity, N induces point
defects that have a detrimental inﬂuence on material and device
properties. For semiconductor solar cells the defects typically
increase the non-radiative recombination reducing the minority
carrier diffusion lengths and modify the doping levels, ultimately
decreasing the conversion efﬁciencies.
In general, the formation process and the type of defects in
dilute nitrides depend signiﬁcantly on the epitaxy technique used.
For example, when employing metal–organic chemical vapor
deposition (MOCVD) for epitaxy of dilute nitride materials, the
material quality is also affected by carbon contamination and
subsequent increase of background-doping, presence of hydrogen
that is detrimental to N incorporation, and gallium vacancies (VGa)
[8]. In fact the combination of these issues has resulted in lower
performance of MOCVD-grown dilute nitride solar cells compared
to standard approaches without N. However, molecular beam
epitaxy (MBE) has recently emerged as being suitable for alle-
viating some of the limitations exhibited by MOCVD, ultimately
leading to demonstration of high quality GaInNAs heterostructures
and very high efﬁciency 3-junction solar cells [7,9]. First of all, in
MBE the incorporation of N can be accurately controlled using
plasma sources while the detrimental presence of C and H is
avoided [10]. Moreover, MBE renders several other ways to
improve the quality of dilute nitrides for example, by alloying
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small amounts of Sb to GaInNAs. Besides its known surfactant
effect, the use of Sb leads to a drastic reduction of background
doping level increasing the photocurrent generation, [9] ultimately
leading to conversion efﬁciencies reaching 44%, recorded from 3-
junction device [11,12]. Thermal annealing [8,13] and the use of
deﬂector plates [9,14] are also important tools for reducing the
number of N-induced defects in dilute nitrides.
Yet one of the most critical parameters in MBE of GaAs-based
materials is the ratio of group V and group III ﬂuxes hitting the
substrate surface, i.e. the As/group-III ratio or V/III ratio. The
practical measure of this ratio is given by the beam equivalent
pressure (BEP) deﬁned as the pressure measured with in-situ ion
gauge without corrections for different ionization efﬁciencies of
the measured species. This affects the incorporation of impurities,
generation of lattice defects, and indeed the dynamics of atomic
incorporation at the growth front [15]. For growing high quality
GaAs at growth temperatures of 580–600 °C, the V/III BEP ratios of
10–20 are often used. However, for efﬁcient incorporation of N, the
growth temperature is much lower than the optimum point cor-
responding to GaAs lattice, [10] leading to formation of several
types of point defects [16]. In this case, the window for the V/III
BEP ratios producing smooth surfaces gets smaller [17]. In general,
the choice of the V/III BEP ratio has a strong inﬂuence on the
properties of GaInNAs materials [7,10,18–20] as the As pressure
inﬂuences the N neighboring conﬁguration and has a strong effect
on the photoluminescence emission intensity and the rapid ther-
mal annealing behavior. Majority of studies have focused on
revealing the inﬂuence of As ﬂux on the structural and optical
properties of GaInNAs quantum wells (QWs). For example, Jaschke
et al. reported that when using relatively high N (4%) and In
compositions to reach emission at above 1500 nm, the optimal
ﬂux ratio for low temperature grown GaInNAs QWs had to be
minimized close to the stoichiometric limit [18]. On the other
hand, another report focused on maximizing the photo-
luminescence of QWs operating at 1300 nm, corresponding to a
lower N content of about 1.5%, points to the use of an As/III BEP
ratio as high as 12 [21]. While the published concerning the QWs
is somewhat contradictory, it is indeed expected that the inﬂuence
of the As/group-III ratio depends on other growth parameters,
such as the growth temperature, or speciﬁc rapid thermal
annealing conditions.
In this paper, we investigate the effects of the V/III BEP ratio on
the properties of GaIn0.1N0.03As bulk heterostructures with a
bandgap of 1 eV, grown by MBE. These materials are essential
building blocks for the development of monolithic high-efﬁciency
multijunction solar cells with 4 or more junctions. In particular we
focus on correlating the V/III BEP ratio to defect states formed
during the epitaxy and to performance of the solar cell. The ana-
lysis is based on using capacitance spectroscopy, together with
photoluminescence (PL) and electrical characteristics of the cor-
responding solar cells. We demonstrate high quality GaIn0.1N0.03As
solar cell, and discuss how the V/III BEP ratio links to solar cell
performance and defect formation.
2. Material and methods
The experimental samples consisted of p–i–n structures grown
on 2” p-type GaAs(100) substrates and are schematically depicted
in Fig. 1. They were comprised of a p-GaAs buffer layer, p-type
GaInP back surface ﬁeld (BSF) layer, p-GaAs base, unintentionally
doped lattice matched 1 eV band gap GaIn0.1N0.03As i-region, n-
GaAs emitter, n-AlInP window layer, and highly doped n-GaAs
contact layer. The thickness of the GaIn0.1N0.03As absorber layer
was set to 1300 nm. During the growth of GaIn0.1N0.03As, the V/III
BEP ratio was 6, 7, and 9 for samples S1, S2, and S3, respectively.
More detailed epitaxial parameters have been reported elsewhere
[7]. The V/III BEP ratio was varied by changing the As ﬂux while all
other fabrication parameters were kept constant. The N ﬂux was
not taken into account when BEP was calculated for group V. A BEP
ratio of 6 was found to be close to the lower acceptable limit to
ensure high crystal morphology and high optical properties. After
the growth, mesa-type devices with top and bottom contacts were
processed for capacitance–voltage (CV), dark current–voltage (IV)
and deep level transient Fourier spectroscopy (DLTFS) [22,23]
measurements. Solar cells with top grid and backside contacts
were fabricated for light-biased current–voltage measurements
(LIV) and external quantum efﬁciency measurements (EQE). To
this end, the contact GaAs was selectively etched from the area
between the grid ﬁngers and a double-layer TiO2/SiO2 antireﬂec-
tion coating, optimized for GaInP/GaAs/GaIn0.1N0.03As solar cell,
was deposited on the cells by e-beam evaporation.
IV, CV, and DLTS measurements were conducted using a Bio
Rad DL8000 deep level transient Fourier spectroscopy measure-
ment system employing Fourier analysis of the capacitance tran-
sients. The frequency and the amplitude of the signal used for CV
measurements were 1 MHz and 100 mV, respectively. Photo-
luminescence spectra were measured using an Accent RPM2000
PL mapper equipped with a 980 nm diode laser for excitation and
an InGaAs detector array for signal collection. LIV measurements
were performed with an Oriel solar simulator equipped with a
1000 W Xe-arc lamp and an AM1.5 G ﬁlter. The solar simulator
was calibrated with a known GaInP/GaAs tandem calibration cell.
The EQE measurements were performed using a setup consisting
of a broadband light source, lock-in ampliﬁer, a 750 nm long pass
ﬁlter, a monochromator, and a NIST-traceable Ge detector.
3. Results and discussion
Fig. 2(a) shows the LIV characteristics of the solar cells pro-
cessed from each sample wafer. Sample S1, grown with the lowest
BEP ratio, shows clearly the best performance, whereas S3, grown
with the highest BEP ratio, shows signiﬁcant reduction in current
and voltage compared to S1. Similar trend is observed in Fig. 2
(b) which shows the EQE data at wavelengths ranging from
Fig. 1. Schematic representation of the sample structure used for electrical char-
acterization. Mesa structures with diameter of 800 mm were etched through epi-
taxial layers. Ohmic contacts were fabricated by e-beam evaporation. Solar cells
with top contact grid and antireﬂection coating were fabricated for LIV and EQE
measurements.
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800 nm to 1400 nm. The highest EQE was measured from S1;
reaching 90% close to the band edge of GaAs, whereas S3 shows
only 63–68% EQE at the same wavelength range. Dark saturation
current densities (JS) were found to correlate with the LIV and EQE
measurements, showing increase with the V/III BEP ratio. The
results show that a relatively small change in the V/III BEP ratio,
from 9 to 6, has a drastic inﬂuence on GaInNAs solar cell operation.
Table 1 summarizes the short circuit current densities (JSC) for
AM0, AM1.5D, and AM1.5 G illumination, [24] as calculated using
EQE data presented in Fig. 2(b). The illumination is assumed to take
place through a 870 nm low pass (LP) ﬁlter that resembles the effect
of top-cells in multijunction solar cell architectures. Although the
thickness of the intrinsic region is only 1.3 mm, S1 could produce a
high current, fulﬁlling current matching condition for integration
with state-of-the-art GaInP/GaAs tandem solar cell [25].
To investigate the reasons leading to remarkably improved solar
cell characteristics for lower V/III ratios, we analyzed the back-
ground doping using CV measurements [26]. Although the dilute
nitride layers (i-regions) are not intentionally doped, they always
have a non-zero background doping caused by intrinsic or extrinsic
defects. The background doping was determined to be p-type,
based on the separate Hall samples as well as EQE data. We note
that the p-type background doping is beneﬁcial when using p-type
substrates because: (i) the depletion region forms on the top part of
the junction where light enters the material and (ii) the minority
carriers are electrons, which have a longer diffusion length com-
pared to holes. CV measurement results and the corresponding
background doping proﬁles are shown in Fig. 3(a) and (b), respec-
tively. The background doping was found to increase with the V/III
ratio, attaining values of 2.21016 cm3, 4.61016 cm3, and
8.31016 cm3 for samples S1, S2, and S3, respectively. Samples S2
and S3 have higher leakage currents than S1 and thus they could
not be measured down to 20.4 V, which is the maximum reverse
voltage obtainable in the measurement setup.
DLTFS measurements were performed to link the observed
changes in the background doping to deep levels in the GaInNAs
layers. DLTFS spectra in Fig. 4 show three distinct majority carrier
trap states, labeled as T1, T2, and T3. There might also be weaker
deep level signals masked by T1–T3, which cannot be dis-
tinguished, especially on the high temperature side of T1 and on
both sides of T3. Fig. 5 shows the Arrhenius evaluation of the
DLTFS data. The extracted parameters i.e. thermal activation
energies (EA), capture cross sections (σ), and apparent trap den-
sities (NT) are presented in Table 2. Trap T1, occurring at the lowest
temperature could not be evaluated for samples S2 and S3 due to
lower peak temperature compared to S1 and freeze-out of the
background-doping-related carriers at low temperatures. At very
low temperatures the carrier concentration is reduced leading to
extension of the depletion region through the GaInNAs layer to the
highly p-doped GaAs base layer and thus the DLTFS signal, related
to the GaInNAs layer, could not be measured.
PL intensity was also measured to give additional information
on the defect density and overall material quality. Fig. 6 sum-
marizes the measured data showing JSC, open circuit voltage (VOC),
JS, NS, PL signal, PL spectra full width at half maximum (FWHM), T2
density (NT2), and T3 density (NT3) as a function of the V/III BEP
ratio. Interestingly, there is a linear dependency between the V/III
BEP ratio and JSC, JS, NS, PL signal, NT2, and NT3. JSC and PL signals
were found to decrease linearly while JS, NS, NT2, and NT3 increase
linearly with the V/III BEP ratio. VOC and the FWHM values did not
show linear dependency on the V/III BEP ratio. However, the
highest VOC and the narrowest PL peak were recorded from S1,
grown with the lowest BEP ratio.
The measurements show that decreasing the V/III BEP ratio
increases the solar cell efﬁciency and decreases the NS. The results
are in line with drift-diffusion simulations run on GaInNAs single
junction solar cells which show that lower p-type doping in
GaInNAs should lead to improved EQE and LIV characteristics.
More precisely, the decrease in the background doping results in
wider depletion region, which increases the probability that light
is absorbed in or in the vicinity of the volume having electric ﬁeld
inside the p–n junction and this helps in carrier collection. We
expect that this is the main reason for the observed improvements
in LIV and EQE data. In a recently published study by Langer et al.,
it was reported that decreasing the V/III BEP ratio from 9.5 to 7.6,
resulted in increased JSC and IQE (measured at open circuit con-
dition) but lower VOC, FF, and increased dark saturation current
density [27]. This is contrary to what was observed here, namely
that lowering the V/III BEP ratio down to 6 improves all the
measured material and solar cell parameters. In addition to the
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Table 1
JSC for samples S1–S3 assuming illumination through a 870 LP ﬁlter, based on the
reference solar spectra for AM0, AM1.5D and AM1.5 G and EQE data shown in Fig. 2
(b). The target JSC refers to current matching condition in state-of-the-art GaInP/
GaAs multijunction solar cell.
Sample JSC AM0 (mA/cm2) JSC AM1.5G (mA/cm2) JSC AM1.5D (mA/cm2)
S1 17.9 14.5 13.7
S2 15.7 12.7 12.0
S3 10.9 8.8 8.3
Target 17.8 14.5 13.8
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improvement observed in the solar cell performance and back-
ground doping, the defect densities and defect-sensitive JS
decrease and the PL intensity increase with the decreasing V/III
BEP ratio.
The unintentional background doping in the present samples
as well as in GaInNAs material general originates from defects.
Gallium vacancies (VGa) associated with N, resulting in N-VGa
complexes are assumed to act as acceptors in dilute nitride
materials. Such N-VGa complexes also have lower formation energy
compared to VGa alone. The presence of hydrogen further lowers
the formation energy resulting in H–N–VGa complex, which,
together with carbon doping, has been the cause for high back-
ground doping in MOCVD grown GaInNAs [28]. It was reported
that VGa are the dominant acceptors in low-temperature MBE
grown GaAs [16,29] and that the density of VGa increases with the
V/III BEP ratio [30]. This goes in a line with the result that the
formation energy of VGa in GaAs decreases when As pressure is
increased and furthermore VGa density increases when growth
temperature is lowered [31]. Compensating intrinsic donor type
defects can also be formed in GaAs-based materials. For example,
Ga antisite (GaAs) is considered to be a double donor in GaAs
[32,33] and could act as a compensating defect. However, the
intrinsic defects observed in GaAs alone cannot explain the rela-
tively high p-type background doping observed in GaInNAs
because the background doping is dependent on the N con-
centration. Therefore, based on the previous studies, and the fact
that background doping increases linearly with the V/III BEP ratio,
we can assume that VGa are present and they and their complexes
with N could explain, at least partly, the observed p-type back-
ground doping in S1–S3. Furthermore, EQE data in Fig. 2(b) shows
that the absorption edge of S3 moves to higher energy (shorter
wavelength), which indicates that the higher As pressure starts to
limit N incorporation due to competition between group V ele-
ment. This behavior goes in line with earlier reports on QW
samples [18,34,35].
When the apparent trap densities and the background doping
levels in GaInNAs are compared, a link between the trap densities
and the background doping is found. Fig. 7 shows the change in
the trap densities of T2 and T3 compared (ΔNT) versus the change
in the background doping density (ΔNS). The normalized densities
of T2 and T3 increase linearly and almost in identical fashion with
p-type background doping, with the slope close to one. This could
indicate, that the observed defects are related to the background
doping, and that T2 and T3 have something in common. One
possible interpretation could be that they are related to the same
defect or defect complex, which furthermore could be behind the
background doping by causing also shallow acceptor levels.
Trap levels, lying deep in the middle of the band gap, often act
as efﬁcient recombination centers, which becomes evident from
the data shown in Fig. 6. The V/III BEP ratio inﬂuences directly the
densities of T2 and T3, as well as JS which is sensitive to non-
radiative recombination. Several studies have revealed deep levels
in MOCVD or MBE grown GaInNAs materials with thermal acti-
vation energies close to 0.1 eV, 0.2 eV, 0.4 eV, and 0.5 eV [9,36–40].
Part of these published levels has their trap signatures closely
similar to those observed in the present study and could well be
related to similar defects. Deep levels lying close to the middle of
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Table 2
NT, EA, and σ for T1, T2, and T3 determined by Arrhenius evaluation of DLTFS data.
Trap NT (cm3) EA (meV) σ (cm2)
T1 S1: 2.71014 100–110 2.01015
S2: not eval.
S3: not eval.
T2 S1: 3.11013 250–360 not eval.
S2: 4.91013
S3: 9.31013
T3 S1: 6.41013 450–485 1.1–3.21015
S2: 1.11014
S3: 2.11014
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the band gap are often claimed to be responsible for the non-
radiative recombination. Furthermore, acceptor levels assigned to
N-hydrogen-related deep acceptors with activation energy of
0.11 eV have been observed in chemical-beam-epitaxy-grown
GaNAs [41]. Thermal ionization of this particular level was con-
sidered to be responsible for the steep increase in the junction
capacitance at low temperatures as well as ionized acceptor con-
centration. The behavior of this defect matches well with that of
T1. Another link between this study and Ref. [41] is that a deep
hole trap at EA¼0.51 eV was claimed to be responsible in part for
the nonradiative recombination in the depletion region.
One typical feature on dilute nitrides is the broad DLTFS peak
signals. Broadening of DLTS peaks originates from non-exponential
capacitance transients which arise from several possible origins.
For example, material disordering effects that broaden the density
of states of the defect level [42] as well as Gaussian broadening of
the level, or several closely spaced discrete thermal activation
energies of the point defect owing to different conﬁgurations of
the nearest or second nearest neighbor atoms [38,43,44]. Non-
exponential transients and peak broadening effects are also
observed in extended defects and dislocations [45,46] and some-
times due to overlapping of closely space individual deep level
peak signals. Due to broad peak signals, thermal activation ener-
gies and capture cross sections, determined from the Arrhenius
evaluation can thus be expected to be “average” values for each
defect type.
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One method to characterize whether the DLTFS signal is caused
by point defects or extended defects is to measure the amplitude
of the DLTFS signal versus tP. Fig. 8 shows the DLTFS signals (b1
coefﬁcient of the Fourier series) recorded from S3 for traps T1, T2,
and T3 plotted in semi-logarithmic scale against tP. The DLTFS
signal is saturating for T2 and T3 already when tPo100 ms, which
is a typical behavior of point defects [47]. For T1, the DLTFS signal
increases almost linearly up to tP¼10 s, which was the longest
ﬁlling pulse duration used. Such a logarithmic dependence of the
DLTS signal and non-saturating nature of the signal on the ﬁlling
pulse duration is typically considered as a signature of extended
defects or dislocation related defects [48]. However, the positions
of T1–T3 do not shift when tP is varied from 1 ms to 1 s (not shown
here). This behavior indicates that the defects are concerned with
localized states rather than band-like states [49]. Therefore,
according to the three criteria given in ref. [49], T1 would be
identiﬁed as an extended or dislocation related defect which
involves localized states.
The peak position of T1 moves towards lower temperatures
when moving from S1 to S3. Since the electric ﬁeld increases
together with background doping density, it is possible that the
position of T1 depends on the electric ﬁeld inside the p–n junction.
The possible electric ﬁeld dependence of the hole emission rate
from T1 was studied by varying the reverse bias voltage to adjust
the electric ﬁeld strength in the p–n junction. No shift in the peak
position to the lower temperature was observed, which suggests
that the activation energy of T1 is not sensitive to electric ﬁeld.
Apparently, the thermal activation energy of the T1 trap depends
on the V/III BEP ratio.
It is also possible to obtain information about minority carrier
traps by using forward bias pulses in DLTFS. In this case, minority
carriers (electrons in p-type material) are injected to GaInNAs and
are trapped at minority carrier traps. The minority carrier traps are
in this case seen as negative peaks in the DLTFS spectrum. Fig. 9
shows the DLTFS spectra recorded from S1–S3 when varying the
pulse voltage used to inject minority carriers. Results show that S3
has the largest negative signal which indicates that higher V/III
BEP ratio induces the highest number of minority carrier traps as
well. Unfortunately, due to overlapping majority and minority
carrier trap signals, the exact evaluation of minority carrier trap
parameters and concentrations could not be obtained here.
4. Conclusions
In summary, we have investigated the inﬂuence of the V/III BEP
ratio on electrical and optical properties of GaIn0.1N0.03As p–i–n
solar cells. The intrinsic background doping of the MBE-grown
GaIn0.1N0.03As layer was found to be p-type and strongly depen-
dent on the V/III BEP ratio. Linear dependency was found between
the V/III BEP ratio in the range of 6–9 and material and device
parameters, i.e. JSC, JS, NS, NT2, NT3, and PL intensity. The lowest V/III
BEP ratio of 6 produced the highest JSC, VOC and PL signal, and
lowest JS, NS, NT3, NT2, and PL FWHM. The corresponding EQE was
90%, slightly below the band gap of GaAs. The smallest V/III BEP
ratio also corresponded to the highest VOC and smallest PL
peak FWHM.
The DLTFS measurements revealed three distinct hole levels.
The thermal activation energies of deep hole levels T1, T2, and T3
were found to be 0.1 eV, 0.25–0.36 eV, and 0.45–0.485 eV,
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respectively, and they are comparable with earlier published stu-
dies on MOCVD and MBE grown GaInNAs. T1 showed clear
extended-defect-like characteristics in DLTS whereas T2 and T3
are deemed to originate from point defects. The concentration of
T2 and T3 changes in identical fashion when V/III BEP ratio was
adjusted indicating a possible link between the two. No electric
ﬁeld effect was observed for activation energies of T1–T3. Minority
carrier electron traps were also detected in S1–S3, when forward
bias injection pulses were used, but their trap parameters could
not be evaluated.
Overall, the data from the LIV characteristics together with the
results from the CV, IV, DLTFS, and PL measurements showed that
the V/III BEP ratio has a remarkable inﬂuence on defect formation
in GaInNAs solar cells, and that the device performance improves
signiﬁcantly when the growth conditions are kept close to the
stoichiometric limit. For the low III/V BEP ratio, the current gen-
erated by 1 eV band gap GaIn0.1N0.03As p–i–n solar cell, estimated
from the EQE data considering illumination through a 870 nm HP
ﬁlter, matches the current generation of state-of-the-art GaInP/
GaAs tandem solar cell, despite the use of relatively thin (1.3 mm)
intrinsic GaIn0.1N0.03As region.
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